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Abstract

Thanks to their admirable printability, AISi10Mg and stainless steel 316L are among the
alloys that have been repeatedly fabricated by different 3D printing technologies. In this
research, some solutions for the development of these alloys through laser powder bed fusion
(LPBF) have been examined. To compositional modification of these alloys, a wide range of
alloying elements and non-metallic particles have been inoculated into the matrix through in-
situ alloying and the effects of the added elements on the modification of the microstructure,
on the mechanical properties and on the corrosion behavior of the studied alloys were
investigated. To reduce the production cost of the additively manufactured steel, also the
feasibility of replacing the gas atomized (GA) powders with water atomized (WA) powders
was investigated. Furthermore, the impact of high-temperature rapid annealing of the LPBF
fabricated SS316L for rapid stress-relieving the AM samples has been surveyed as a part of
this research. According to the obtained results, the typical cellular structure of the additively
manufactured alloys has an undeniable role in higher mechanical properties of the AMed parts
compared to conventionally fabricated parts. During annealing, this cellular structure
disappears before any grain evolution and results in a tangible drop in mechanical properties.
Comparison of the fabricated components with GA and WA powders of SS316L revealed that
by choosing the right process parameters and particle size distribution, WA samples would
show higher mechanical properties, corrosion resistance and better surface roughness. Co-
addition of the Ti and Mn to SS316L and Ni to AISi10Mg by in-situ alloying revealed that
activation of the slip systems in brittle phases and formation of the GNDs at matrix would
preserve the interface of the particle/matrix from crack formation. Also, addition of the
nanoparticles to AISi10Mg revealed that stacking the nanoparticles on irregular shape particles

would create some defects in AMed parts and degrade the mechanical properties.
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Chapter 1

Introduction

1.1. Additive Manufacturing

Additive manufacturing methods are established based on the fabrication of objects with
layer-by-layer addition of raw material according to the received inputs from a computer-aided
design (CAD) model. Compared to the conventional production processes, AM technologies
provide more advantages, such as freedom in design of complex shape structures without need
of complementary tooling and machining. This technology has revolutionized every area it has
reached by improving the design, properties, and production rate of the components. Likewise,
reducing the production wastes besides the possibility of the recycling and reuse of the raw
materials has made it a desirable choice for environmental sustainability. A growing number

of papers have been published on AM of structural materials in recent years (Fig. 1).
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Fig. 1. Statistical data of articles on the topic of “additive manufacturing” published from 1987 to 2019
[1].

Owing to advantages such as the higher mechanical properties of the additively

manufactured metallic part, this technology has been frequently employed for the production
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and development of metals and alloys, and replaced the conventional manufacturing processes.

Fig. 2 shows the investment of different industries in additive manufacturing technologies.
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Fig. 2. Additive manufacturing market size by industry sectors between the years 2013-2019 [2]

1.2. Laser powder bed fusion

For 3D printing of the metallic materials, laser and electron beam are usually employed as
a high-intensity heat source to melt the particles. Hence, this kind of additive manufacturing
methods are called powder bed fusion. Making a homogenous solution and an adhesive
bonding between subsequent layers is of great importance in powder bed fusion methods.
During the powder bed fusion, the temperature locally increases above 2000 °C while the
temperature gradient and cooling rate is about 10’ K/s [3]. In between, vaporization of low
melting point or small particles would result in gas entrapment as well as incomplete melting
and insufficient interlayer bonding would result in lack of fusion defect. As a result, the
processing window for fabrication of intact bulk metallic parts by additive manufacturing is
exceptionally narrow. Considering the complications to print a defect-free specimen, achieving
desirable properties and homogenous microstructure is very challenging, and having a
comprehensive understanding about the microstructural evolution is critical. The schematic

illustration of the LPBF method is presented in Fig. 3.
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Fig. 3. Illustrations of the laser powder bed fusion technology [2]

The microstructures of LPBF manufactured metallic parts are affected by a wide range of
parameters [4]. The laser power, beam radius, scanning speed, hatching distance, and layer
thickness are the parameters that could be controlled by the printer machine. Also, the
temperature of the building plate, the atmosphere of the printing chamber and the size and
morphology of the powders are other parameters that could directly affect the microstructure
of the specimens. Since formation of imperfections would significantly degrade the mechanical
properties of the metallic components, achieving the highest relative density is the first goal of
the additive manufacturing researchers [5]. Most of the previous studies considered the
volumetric energy density (VED) as a criterion for the imposed energy per unit volume of
powders in powder bed printing methods [6]. The energy density has been introduced as
VED =P /v-ht,where P, v, h, and ¢ are the laser power, scan speed, hatching distance, and
layer thickness, respectively. In general, optimum process parameters imply on the best VED
which results in minimum porosities in the printed parts. Applying low VED would result in
incomplete melting of the particles and residual unmelted chunks and lack of fusion around the
melt pool borders [7]. On the other side, applying a significantly high VED, increases the
temperature of the melt pool over the boiling point of the metal and results in material
evaporation and subsequent trapping the spherical pores in the printed parts [8]. Hence,
choosing an optimum VED which could make a sufficiently large and stable melt pool is
critical. However, even if VED has been properly adopted, it still has some limitations
particularly for in-situ alloying [9]. Some parameters like laser beam focal diameter and
printing strategy that directly affect the thermal history are ignored in the VED equation.
Consequently, the optimized process parameter might be unique for each printer and cannot
exactly give similar results by another machine. Likewise, by changing the printing strategy
and rotation angle again another set of the process parameters and VED will give the highest

relative density. However, for printing single-phase materials this would not make a major
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difference, but due to the different transferred effective energy and heating cycles, the amount

of the residual strain and homogeneity of the microstructure for in-situ alloyed materials would

be different.
1.3. Powder processing for AM

In the powder-bed systems, a re-coater must carry the powder from a feedstock chamber
and spread it on the building plate [10]. The individuation of an ideal metallic powder for AM
requires the documentation of its features, namely average particle size, particle size
distribution, surface area, flowability, apparent density, tap density, moisture content, and
trapped porosities in the powder [11]. Since the spreadability plays an important role in printing
a faultless and dense part, often a powder with proper size distribution composed of particles
with a spherical shape and smooth surface is known as the ideal feedstock for AM [12].
Moreover, a small friction coefficient between the spherical powders facilitates their spreading
[13]. The prevalent processes for fabrication of proper powders for AM are ‘‘plasma
atomization”, ‘‘gas atomization” (GA), and ‘‘water atomization” (WA) [14]. Among them,
plasma atomization provides the most spherical shape powders. Compared to plasma
atomization, gas atomization can produce spherical powders with a lower price and appropriate
morphology [15]. Nonetheless, the simplest and cheapest atomization method is water
atomization [16]. Due to the high cooling rate in water atomization, the particles adopt an
irregular shape [17], while the inert atmosphere of the chamber in gas atomization reduces the
solidification rate of the particles and creates a more regular morphology in the final powder
[18]. Moreover, the oxygen content of the WA particles is higher than in gas and plasma
atomized particles. Oxygen uptake and chemical oxidation during AM directly arise from high
oxygen content in the feedstock powder, which not only affects the powder flow but also
degrades the mechanical properties of the printed parts [19]. Hitherto, WA powder of different
alloys such as Al [20], Zn [21], T1 [22], IN625 [23, 24], IN738 [25], NiTi [18] and high entropy
alloys (HEAs) [26] were evaluated for AM applications. It has been expressed that due to the
problem of oxygen pickup, water atomization is not an appropriate production route for Al, Ti
and the alloys containing such reactive elements, and the most eligible material for water
atomizing is steel [27]. According to the cost estimations, using WA powder instead of GA can
reduce the production cost from 10 to 80% [28]. To overcome the drawbacks of WA powders,
some solutions have been proposed. Schade et. al [11] designed a multi-step process to

eliminate the more irregular particles of WA iron powder. Despite increasing the apparent
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density and flowability of the powders, wasting about 50% of the initial powder in the
separation line reduced the cost-efficiency of this process. Boisvert et. al inoculated magnesium
into the melt of SS304 before the atomization to favor the direct formation of more spherical
powders with fewer internal pores [12]. Chikosha et al. [29] and Park et al. [30] employed an
inductively coupled thermal plasma system for spheroidizing the irregular powders.
Consequently, the fine particles were majorly removed and the flowability of the powder
significantly improved. Mirzababaei et al. suggested adding a solid lubricant such as zinc
stearate to the feedstock for reducing the interparticle friction and enhancing flowability [31].
Calculating the Hausner ratio (tap density/apparent density) is the simplest way to predict the
flowability of the powders. Generally, the Hausner ratio and avalanche angle of WA powders
is lower than GA ones [32]. Howbeit beyond a threshold, amelioration of the Hausner ratio and
sphericity cannot majorly affect the final part density [33]. Nonetheless, some authors declared
that the bulk densification of the printed parts with WA powder was close to those built by GA
counterpart even by using the same process parameters [34, 35]. Compared to GA powders,
irregular WA particles have a rougher surface with a higher surface area to volume ratio and
benefit from higher laser absorption and lower reflectivity [3, 36]. So applying similar energy
densities would provide higher heat input for melting the WA powder [37]. Fig. 4 properly
shows the difference between the laser absorption of the WA and GA powders of stainless steel

316L.
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Fig. 4. Laser absorbance of the WA and GA powders acquired from diffuse reflectance measurements in
the visible spectrum (wavelength: 400—1050 nm) and near infrared (1100-2000 nm), and an inset
photograph of the powders [38].

According to the literature, at low energy densities and similar particle size, the parts
produced by GA powder show higher densification and mechanical strength. But, applying
higher energy densities result in similar packing density and mechanical properties of WA and
GA components [39]. Stainless steel 316L is a favorable alloys for a wide spectrum of
applications due to notable corrosion resistance and admirable mechanical properties [40]. It
has been revealed that by optimizing the process parameters of the LPBF method, significant
similarities can be achieved for the parts produced by WA and GA stainless steel 316L [41].
In the current work, the authors demonstrated that higher laser absorption of WA powder
besides pinning effect of fine inclusions result in stronger texture and higher mechanical
properties compared to GA samples. In this regard, the morphology, chemical composition,
and structure of WA and GA feedstock powders and printed samples were precisely analyzed

and compared with the mechanical behavior of the final products.
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1.4. Pre-alloying and In-situ alloying

Usually, the elemental proportion of the powders used for LPBF is regulated in a pre-
alloying step. However, the substitution of the pre-alloying steps comprising casting and
atomization by in-situ alloying would save time and cost, and increase the productivity of AM
methods. Inhomogeneous dispersion, evaporation, and incomplete melting of the guest
elements are the main challenges of in-situ alloying by AM [9]. Hence, incorporating the
elements having close melting points would provide a more reliable feedstock. Many
researchers exploited in-situ alloying as a low-cost strategy for structural modification,
particularly grain refinement. Hitherto, a significant number of solute elements prone to
promote the equiaxed growth of the grains in different alloying systems have been introduced
[42]. The refinement mechanism of the inoculants can be assorted into two main categories.
(1) affecting the growth restriction factor (Q) and changing the heat flow direction like Cu in
Ti alloys [43], (2) making reaction with the matrix to form the phases that can pin the grain

boundaries like Zr [44] and Sc [45] in Al alloys and Ni [46] and La [47] in Ti alloys.
1.5. Post-processing treatment

During L-PBF process, the extreme thermal gradients and high cooling rates can result in
the generation of large residual stresses and consequently parts distortion [48]. According to
the literature, in the rapidly solidified processes such as welding the level of residual stress is
proportional to the thermal gradient and cooling rate. This problem becomes more serious in
the L-PBF process, mainly owing to its nature as a rapid solidification process. Therefore, so
far, several studies have been carried out to control residual stresses and minimize their value
in L-PBF fabricated samples [49]. Nonetheless, often it is not possible to significantly reduce
the level of residual stress through modification of the process parameters, particularly for laser
printed SS316L samples [50, 51]. Hence, the post thermal treatment has been proposed as a
low cost and reasonable supplementary process to relieve the residual stresses and improve the

performance of the L-PBF SS316L samples.

Predominantly, post-printing annealing of SS316L specimens is performed in a
temperature range of 300-1200 °C for 30 minutes to 6 hours [52, 53]. Reijonen et al [54]
investigated the effect of applying different stress-relieving procedures and introduced the hot
isostatic pressing as the most effective standardized heat-treatment for the 316L built

components. Chao et al. [55] examined the annealing temperature of 400 °C and 650 °C for 2
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hours and solution annealing at 1100 °C for 5 min. According to their report, applying such an
annealing resulted in 24%, 65% and 90% stress relieving, respectively. Riabov et al. [56]
declared that during annealing of the SS316L samples at 400, 800 and 1200 °C, oxygen and
nitrogen content gradually increases. In addition, by annealing the sample over 400 °C, cellular
structure was removed and elemental segregation at the cell walls was no longer detectable. It
has also proven that, annealing up to 600 °C has not any major impact on the microstructure
[57]. However, annealing between 600-1000 °C activates elemental diffusion and gradually
eliminates the cell walls, leading to a sharp decline of mechanical strength. Keeping on
annealing above 1100 °C removes all L-PBF microstructure footprints and renders a

conventional-like microstructure [58].

However, it is reported that long-term annealing is faced with two major challenges, such
as grain growth and significant microstructural changes [59]. In fact, the high cooling rate
during the L-PBF process results in a rapid solidification after the laser/material interaction and
in the formation of an ultrafine sub-grain structure [60]. It should be highlighted that the
presence of this ultrafine structure in the SS316L samples results in its superior properties.
However, the long term annealing thoroughly removes such a desirable structure and thwarts
the L-PBF supremacy [52]. Furthermore, AM techniques typically benefit from the exclusion
of multiple time-consuming steps in the production cycle and combination with a long-term
complementary procedure will reduce their productivity. Thus, in this study, the authors

applied a rapid annealing heat treatment at elevated temperatures on L-PBF SS316L samples.
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1.6. Stainless steel 316L in additive manufacturing

Austenitic stainless steel 316L (SS316L) broad range of biomedical and industrial
applications lie on its outstanding resistance against corrosion, oxidation, creep, and fatigue
along with proper weldability, formability, and mechanical strength [61]. Nonetheless, the low
yield strength (YS) is usually the principal drawback of the SS316L components fabricated by
conventional processes. Hitherto, different supplementary processes have been proposed to
resolve this longstanding challenge [62]. Till now, numerous efforts were carried out following
the purpose of improvement of mechanical strength and extension of the application of stainless
steels through thermomechanical processes. The employed strategies often led to sacrificing
the ductility in strength-ductility trade-off [63]. Hence, it is believed that a modern production
method with more advanced capabilities to extend the mechanical strength of low-carbon
austenitic steels should be exploited. For this reason, advanced manufacturing technologies
such as Additive Manufacturing (AM) technologies are considered as promising alternatives
to conventional manufacturing processes. In fact, through these technologies, it would be
possible to not only improve the mechanical performance of the SS316L component but also
to produce SS316L components with a high level of complexity. The outstanding merit of AM
methods is their capability for fabrication of complex-shape components without any need to
final tooling and machining compared with conventional time-consumable procedures. The
exclusion of some steps from the production line could make them also more cost-efficient and
competitive with respect to other methods [64]. Hence, development of SS316L by the AM
techniques has been progressively investigated. Thanks to the notable compactness, fine
microstructure, high mechanical strength and proper elongation, Laser Powder Bed Fusion (L-
PBF) found a prominent position between the AM methods, applied more often than other AM
techniques in the production of SS316L.
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1.7. In situ alloying of SS316L by Ti addition

According to the equilibrium phase diagram of Fe-Ti (Fig. 5), the addition of over 10 at.%
Ti to iron-based materials would result in the formation of the Fe,Ti intermetallic compound.
Increasing this value to over 30 at.% would result in formation of FeTi beside Fe;Ti while the
addition of a quantity of Ti over 50 at.% would guarantee the formation of FeTi and B-titanium.

There are also two eutectic points, at 17 at.% and 70 at.% Ti.
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Fig. 5. Fe-Ti phase diagram [65].

In 2020, Requena et al. have investigated the printability of the Fe-Fe,Ti eutectics through
direct energy deposition (DED) method. Based on their observations, 3D printing of pre-
alloyed powders with hypereutectic composition (Fe-17.6 at.% Ti) would result in the
formation of an ultrafine grain structure without any cracking (Fig. 7). Based on another
research performed by this group on Ti-32.5Fe eutectic composition, increasing the Ti value in
pre-alloy powders results in formation of a hierarchical microstructure with micro-dendrites of
n-TisFe2Ox embedded in an ultrafine eutectic B-Ti/TiFe matrix. But again, it did not have the
consequence of the formation of brittle phases and cracking in the printed samples with pre-

alloyed powder.
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Fig. 6. EBSD color maps and related inverse pole figures of Fe,Ti and a-Fe in the microstructure of the
additively manufactured alloy with pre-alloyed powder [66].

Recently, Nyborg et. al have investigated the effect of inoculation of TiN [67] into steel,
revealing that the formation of Ti oxides nanoparticles in the melt pool can hinder the epitaxial
growth of grains and the typical severe texturing observed in AM. Similar results has been
reported by Jagle et al. on inoculation of Ti into steel. Based on their observations, Ti can react
with the pre-existing oxygen in the steel’s raw powder and induces the formation of TiO and
Ti20;3 particles. The important criteria, which is mentioned for the grain refinement impact of
an element like Ti in steel matrix and TiC particles in Al matrix [68], is the lattice
mismatch/misfit by the matrix. According to the observations on the grain refinement effect of
Ti compounds in additively manufactured steel and aluminum alloys, the effective nucleant
particles and the formed phases after their addition to a matrix have less than 10% interatomic
mismatch with the matrix. The enhancement of interfacial atomic matching between the
inoculated particles and host matrix results in lowering the atomic interfacial energy and in the
decrement of the critical undercooling for activating heterogeneous nucleation during

solidification.

24



50 uym . 50um
(c) {001} {011} {111} 5.67 (d) {001}

{111} 1.73

{011}

..ﬂ ‘
1
e

Fig. 7. EBSD IPF colored maps and showing the microstructure of the (a) SS316L and (b) TiN
reinforced alloy and correlated pole figures (c, d), respectively [67].

1.8. In situ alloying of SS316L by Mn addition

0.57

High-manganese steels (HMnS) are known because of their extraordinary combination of
mechanical properties and toughness. In these steels, high Mn value stabilises the austenitic
phase and reduces the stacking-fault energy (SFE) to the range of 10 to 50 mJ/m?. Hence under
mechanical loading multiple deformation mechanisms can be activated within these alloys
parallel to the dislocation glide. Often, in high manganese steels, activation of transformation-
induced plasticity (TRIP) due to low SFE accompanies with activation of twinning-induced
plasticity (TWIP). Activation of a variety of deformation mechanisms facilitates the dislocation
motion, retards the dynamic recovery and improves the strain hardenability [69]. As a result,
TWIP and TRIP steels demonstrate a high simultaneous synergy of tensile strength and
elongation at failure (Fig. 8).
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Fig. 8. A property map summarized tensile strength and elongation combinations for conventional steels
and high-Mn steels. Abbreviations: interstitial free (IF), interstitial free-high strength (IF-HS), bake
hardened (BH), high strength low alloy (HSLA), complex phase (CP), dual phase (DP), ferritic bainitic
(FB), hot formed (HF) [2].

Since the mechanical properties of SS316L alloy can be tailored by adjusting the Mn value,
authors believed that the synergistic exploiting of the Mn and Ti capabilities could promote the
work hardening coefficient and toughness of the AMed stainless steels. Hence, part of this
research is focused on exploring the impact of simultaneous inoculation of Mn and Ti in
stainless steel 316L by LPBF technique and on the investigation of the microstructural

evolution and correlated mechanical properties.
1.9. AlSil10Mg

The LPBF technique offers the possibility of further improvement of the strength-to-weight
ratio of aluminum alloys [70]. AlISi10Mg alloy is one of the most investigated alloys processed
via the LPBF method [71]. This high level of interest originated from its low melting point and
thermal expansion, low susceptibility to solidification cracking as well as good weldability. In
addition, the chemical composition of this alloy which is near the eutectic composition, makes
it easily processable through laser-based technologies [72, 73]. Moreover, AlSi10Mg belong
to the ageing/precipitate hardenable alloys that can reach higher strength when subjected to a
specific supplementary heat treatment [74]. For instance, Maamoun et al. [75] and Aboulkhair
et al. [76] surveyed the effect of annealing on the structure and mechanical properties of
AlSi10Mg. Their outcomes indicated that despite short-term annealing (1-5 h), T6 heat
treatment could significantly enhance the hardness of this alloy due to the formation of Mg>Si
and AlsFeSi precipitates. Previous researchers [77] declared that annealing temperature plays

an effective role in the size of the Si particles, and solution treatment below the standard T6
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temperature (550 °C) eventuates in finer Si particles and guarantees higher mechanical
strength. Kimura et al. [78] revealed that complete disassociation of Si dendritic structure

occurs after a long-term solution treatment over 300 °C.

Furthermore, many efforts have been made to improve the mechanical properties of
AlSi10Mg alloy through the addition of grain refiners like LaBes [79] and BN [80]. However,
only some of them were slightly effective, while most of them could not remarkably improve
the mechanical strength. Another approach that has been reported so far to improve the
mechanical strength of AISi10Mg alloy is the addition of reinforcing particles to produce
AlSi110Mg based composites [81]. For instance, TiB> [82, 83], graphene [84], CNT [85], and
TiC [86] were found to be promising reinforcements for AISi10Mg alloy. However, it is well
reported that in most of the cases, the interfacial bonding between the Al matrix and
reinforcements is rather weak, and consequently, this weak point degrades the mechanical
performance of the sample [87, 88]. Another approach that can be effective to improve the
mechanical strength of the AISi10Mg alloy is a slight modification of its chemical composition

that can be implemented through the in-situ alloying process.

Nevertheless, based on the authors' knowledge, far too little attention has been paid to the
development of new AISi10Mg alloys through the in-situ alloying process. Hence, the aim of
this work is at first to assess the feasibility of producing Ni-modified Al1Si10Mg alloy through
the LPBF method. The second target in this research is to evaluate the impact of thermal post-
processing on the microstructure and mechanical properties of the newly developed alloy. In
this regard, the microstructure and phase transformations linked to the addition of nickel were
analyzed carefully and their correlation with tensile strength and fracture mechanism of the

samples was elucidated.
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1.10. Nano-oxide reinforcement

The unique properties of aluminum matrix composites (AMCs) such as outstanding
specific strength and wear resistance, and low thermal expansion coefficient have created a
collective demand for the development of this family of materials [89]. AMCs were formerly
processed through conventional methods like powder metallurgy and casting. The mechanism
of composite development by these techniques is leaning on two different approaches: (1)
addition of fine ceramic particles to a molten matrix to restrict the grain growth and hinder the
dislocation movement; (2) inoculating the potential alloying elements into the Al matrix to
induce the formation of strengthening phases during the fabrication process or post thermal

treatment [90].

Nevertheless, the slow solidification rate of the traditional processing techniques and
confined wettability between the reinforcing phases and Al matrix oftentimes resulted in
agglomeration of the reinforcement agents and weak interfacial bonding in the
particulate/matrix. The above-mentioned drawbacks can considerably deteriorate the
mechanical strength and limit the applications of AMCs [91]. Hence, it seems necessary to find
an alternative method that narrows the particulate aggregation and promotes the uniform

distribution of nanoparticles within the matrix [92].

Because of the ultrafast cooling rate (10°-107 °C/s) and the turbulence of Marangoni flow
which induces a capillary force in molten material, the LPBF process has a high potential for
the fabrication of refined microstructures with uniform distribution of reinforcements [93]. The
higher laser power usually improves the dispersion of nano-particulates in the Al matrix by
enhancing wettability and reducing friction forces between liquid Al and nanoparticles and
increasing the solidification rate [94]. Moreover, the addition of nanoscale ceramic particles
modifies the laser absorptivity [95], and considering the high thermal diffusivity of aluminum,
the parameters needed for the optimum density achievement must be carefully considered.
Several researchers have reinforced the AIlSil0Mg alloy by addition of different
nano/microparticles and using the LPBF technology while it is proven that AlISi10Mg can be
significantly strengthened by a wide range of nano/micro particulates and reach notable
mechanical properties [96]. Jiang et al. [85] and Luo et al. [97] ] evaluated the CNTs-AlISi10Mg
composite fabricated by LPBF and argued that during printing, some CNTs reacted with Al
and formed Al4C3. The synergistic function of CNT with Als4Cs created strong pinning that

resulted in an improvement of the mechanical properties. Zhao et al [84] have reported a similar
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behavior for graphene when developing an AlSi10Mg-based composite by LPBF. Xue et al.
[98] observed that the addition of SiC particles to AlSil0Mg was accompanied by the
formation of needle-shaped phases of Al4SiC4 and Si particles. Hence, despite the desired effect
of the SiC reinforcement on the improvement of the hardness, owing to the weak adhesion
between the particles and matrix, the brittleness of the material was increased, and the
mechanical strength was degraded. However, Wang et al. revealed that despite the formation
of the detrimental phase of Al4Cs, the tendency of the SiC nanoparticles for distribution at the
cell walls led to remarkable grain refinement in AlSil0Mg by spreading the heterogeneous
nucleation sites and the Zener pinning effect [99]. He et al. introduced the TiCN as an efficient
particulate that owing to its pinning effect on the grain boundaries in AMCs improves the
mechanical performance of such additively manufactured components under high-temperature

deformation [100].

In between, promising results have been reported about the impact of nano-oxide particles
on the grain refinement of aluminum alloys [101]. Seleman et al. have used irregular nano-
powder of Al,Os to fabricate Al-based composite with Friction Stir Deposition (FSD) additive
manufacturing method. They argued that the uniform distribution of Nano-powder promoted
finer grains and improved the wear resistance, hardness, and compressive strength of the
AA2011 alloy [102]. Chen et al. investigated the efficiency of Al,O3 for in-situ reinforcement
of AlSi10Mg through LPBF and announced that Al,Os particles could promote the fine cell-
like microstructure, which enhances the hardness. However, choosing the wrong process
parameter can make numerous gas pores and frustrate the hardening effect of the Al2O;
particles [81]. A Similar refinement effect has been observed for in-situ alloying of stainless
steel 304L with yttrium oxide (Y203) nanoparticles [103], IN718 with CoAl,O4 nano-powder
[104] and commercially pure titanium with La>Os; nanoparticles [105] through additive
manufacturing. According to the existing literature, the reinforcement impact of the Er.O3 and
Gd203 nanoparticles for in-situ alloying of AlSi10Mg alloy has not been studied yet. Initial
assessments revealed that in the case of decomposition of Er,03, Er would react with Al and
Si and form AIEr and ErsSiz compounds [106]. Also, disassociation of the Gd>O3 and reaction
of Gd with AlSi10Mg would consequence in the formation of AlbGd, Al3Gd, and the ternary
compound of Al4«GdMg (1) in the matrix [107].

To evaluate the effect of nano-oxide particles on structural modification of the AlSi10Mg,

the effect of addition of Er.O3; and Gd>Os3 nanoparticles on the microstructure and hardness of
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additively manufactured AlSi10Mg alloy was also investigated. Additionally, the correlation

between the nonuniform dispersion of nanoparticles and correlated defects was disclosed.

1.11. State of the Art

Thanks to the admirable printability of the austenitic stainless steel 316L (SS316L) and
AlSilOMg alloys, in the current research the authors focused on improvement of the
processability, reducing the production cost and structural modification of additively
manufactured SS316L and AISi10Mg alloys. To satisfy this requirement, some potential
elements/compounds were inoculated into the SS316L and AISi10Mg alloys through LPBF in-
situ alloying. Also, the feasibility of exploiting the irregular shape particles for 3D printing by
LPBF method was investigated by comparison of the water- and gas-atomized powders.
Meanwhile, the impact of the rapid annealing as a fast stress relieving step for AMed samples
was surveyed. The correlation of the microstructural evolutions and mechanical properties and

corrosion resistance of the LPBF fabricated samples has been studied.
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Chapter 2

Experimental Method

The samples of this research were manufactured using three different 3D printer machines.
A Sharebot METALONE laser printing machine, equipped with a fiber laser with a wavelength
of 1080 nm, maximum laser power of 250 W, maximum scanning speed of 5 m/s and spot size
of 40 pum. An EOS M270 system with maximum power of 200 W, laser beam diameter of 100
pm and laser wavelength of 1060-1100 nm. Also, a Concept Laser Mlab cusing R equipped
with an ytterbium fiber laser source. The maximum power of the laser was 100 W while the
wavelength and the spot size of the laser beam were 1070 nm and 70 um, respectively. The
building processes were executed under a flowing inert high purity Ar atmosphere, with the
oxygen level below 0.1%. Samples were printed on an SS304L substrate with distinct
geometries of (1) cubic samples with a dimension of 10x10x10 mm?® for microstructural
investigations and (2) tensile bars with a gauge dimension of 32x6x4 mm? according to the
ASTM-E8 sub-size standard. The optical analysis of the microstructure was conducted by a
Leica 5000 DMI optical microscope equipped with a polarizing lens and an Olympus DSX1000
digital microscope. Electron backscatter diffraction (EBSD) and scanning electron microscope
(SEM) microanalysis was carried out via a JEOL (JSM7001F) and a Carl-Zeiss FE-SEM
microscope working at 5-20 kV. The chemical composition of the crystalline phases in the as-
printed alloy was investigated by an energy-dispersive x-ray (EDX) spectroscope. Phase
identification was realized by an X-Pert Philips x-ray diffractometer (XRD) with Cukq
radiation in a Bragg Brentano configuration in a 26 range between 10 and 110 (operated at 40
kV, 40 mA, and step size of 0.013 for 25 s per step). Microhardness tests were conducted with
five repetitions per sample using a Leica VMHT microhardness tester with an applied load of
100 g for 15 s. Room-temperature quasi-static tensile tests were conducted using a Zwick/Roell
7050 machine at starting strain rate of 2x107/s. The acquired EBSD data were analyzed using
EDAX OIM Analysis™ software. TEM analysis was carried out on FIB-cut thin foils using a
dual-beam FEI Helios-NanoLab FIB and JEOL JEM-2100F TEM operated at 200 kV. The
values of oxygen, nitrogen, and hydrogen in LPBF printed samples was measured using the

LECO test.
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Chapter 3

Development of the SS316L through LPBF

3.1. Evaluation of the rapid annealing

Mohammad Reza Jandaghi®, Abdollah Saboori, Luca Iuliano, Matteo Pavese, "On the effect of
rapid annealing on the microstructure and mechanical behavior of additively manufactured stainless
steel by Laser Powder Bed Fusion" Materials Science and Engineering: A, November 2021.

Abstract

This work presents an investigation on the effect of rapid annealing on the microstructure
evolution and mechanical performance of stainless steel 316L (SS316L) fabricated by Laser
Powder Bed Fusion. In this process, it is well documented that the intensive thermal gradient
in the heat flux direction leaves remarkable residual stress and promotes strong texture along
the building direction (BD). In the current research, to swiftly reduce residual stresses, a short-
term heat treatment at 1300 °C for different holding times of 10 to 120 s was designed and
studied. Microstructural observation through the optical microscopy and scanning electron
microscopy, as well as the X-ray diffraction analysis, revealed that rapid annealing longer than
30 s resulted in the gradual annihilation of the cell walls which are indeed the sub-grain
boundaries (SGBs). In addition, electron backscatter diffraction outputs demonstrated that
rapid annealing significantly reduced the low angle grain boundaries and attenuated the texture
developed along the BD. Moreover, the analysis of grains size and shape illustrated that
annealing up to 30 s recovered the structure. In contrast, longer annealing resulted in increasing
the aspect ratio of grains along the direction with maximum residual strain (i.e. BD) due to
activation of the strain induced grain boundary migration (SIGBM) mechanism. After the rapid
annealing, the mechanical performance of the samples also indicated that annealing up to 30 s
would not reduce the compressive and tensile strength more than 6%. In comparison, longer
annealing resulted in 24% reduction in mechanical properties along with coarsening of dimples

in the fracture surface of the samples.
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3.1.1. Experimental procedure
3.1.1.1. Samples preparation

In this work, a spherical, gas atomized SS316L powder was used as a feedstock material

(Fig. 10(a)).
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Fig. 10. SEM micrograph (a), size distribution diagram (b), element distribution map (c) and EDS
elemental analysis (d) of the steel 316L powder used in L-PBF process.

The PSD of the starting powder was analyzed using PAX-it software, and the result is
presented in Fig. 10(b). As can be seen, the particle size range of the starting powder lies in the
range of 15-65 um, which is a typical particle size range for L-PBF. The chemical composition
of the atomized powder is presented in Fig. 10(c). The samples were manufactured using a
Sharebot METALONE Laser printing machine. The cubic samples with a dimension of
10x10%10 mm was fabricated using stripe pattern and 90° rotation after printing each layer.

Schematic illustration of the scanning strategy is shown in Fig. 11.
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Fig. 11. Schematic representation of the samples fabricated with L-PBF method.

Before producing samples, a Design of Experiments (DoE) considering a different
combination of process parameters was performed. As a result, the optimum process
parameters to produce dense samples were achieved. In this DoE, several cubes were produced
using a constant hatching distance of 100 um, and a layer thickness equal to 30 um. The laser
power varied between 70 and 100 W, and the scan speed between 300 and 400 mm/s. To
evaluate the effect of the combination of process parameters, the Volumetric Energy Density

(VED) was considered and calculated using the following equation [108]:

P

E= (D

o vXxXdXt

where P is the laser power (W); v the scanning speed (mm/s); d the hatching distance (mm)
and 7 the layer thickness (mm). In this work, to facilitate the sample removal and guarantee the
mechanical support and heat dissipation, the samples were produced on support structures.
After the building, all the cubes were removed from the building platform using Wire Electrical
Discharge Machining (EDM). Fig. 12(a-b) shows the images of the as-built cubes for the

microstructural analysis and compression test, and flat tensile samples, respectively.
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Fig. 12. Image of the 3D printed samples through L-PBF.

According to the literature, a temperature range of 800 to 1200 °C and an annealing time
of 30 to 120 min have been usually considered for the solution treatment of L-PBF stainless
steel specimens [27]. Instead, in this work, due to the higher kinetics of restoration at elevated
temperatures, the samples were annealed at 1300 °C for 10 to 120 s followed by air cooling
down to room temperature. In fact, the goal of this rapid heat treatment was to relieve the
residual stress in a short time with a minimum change in the microstructure and mechanical

properties of the as-built SS316L samples.

For the microstructural analysis, both XY and XZ cross-sections of the as-built cubes were
cut, ground and polished according to the standard procedure for the metallography of 316L
stainless steel [109]. Thereafter, the porosity content of the samples was evaluated on the as-
polished samples using Image Analysis method. To reveal the microstructure, all the samples
were chemically etched in a solution composed of 50 vol.% hydrochloric acid, 40 vol.% nitric
acid and 10 vol.% acetic acid for 10 s. The EBSD measurements were performed at an
acceleration voltage of 20 kV and a step size of 1 um. The AZTEC data acquisition software
(Oxford Instruments plc) was employed in this work. The outputs were analyzed by TSL
Orientation Imaging Microscopy (OIM) Analysis 7 software from EDAX. EBSD mappings of
the as-built and subsequently annealed samples were sectioned along the Building Direction
(BD)-Transverse Direction (TD) plane. Mechanical properties of the samples were evaluated
via tensile and compression tests with a crosshead velocity of 2 mm/min. For each sample, at

least three specimens were examined.
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3.1.2. Results and Discussion
3.1.2.1. Process parameters optimization

Fig. 13 displays the OM cross-section of the as-polished SS316L cubes produced using

various combination of the process parameters.
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Fig. 13. Effect of different scanning speed (v), laser power (w) and energy density (VED) on the
variation of porosity fraction along building direction in BD-TD plane.

As shown in this figure, the samples porosity content calculated through image analysis
lies in the range of 0.47-1.02%. Moreover, Fig. 14 exhibits volumetric porosity variation as a
function of energy density. It is evident that in the samples produced with the lowest laser
power (70 W), the porosity content increases by increasing the laser scanning speed. The

presence of irregular shape porosities in these samples suggests that the energy density
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provided to the material for melting was insufficient and as a consequence resulted in the
formation of process-induced porosity that is also known as lack of fusion porosity (LOF)
[110]. It is evident that by increasing the energy density up to a certain level, it would be
possible to facilitate the SS316L samples consolidation, leading to a very low porosity content

in these samples.
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Fig. 14. Variation of porosity fraction as a function of energy density (VED) for samples fabricated by
different processing parameters.

On the other hand, it was found that raising the energy density to more than = 80 J/mm?
was accompanied by the formation of gas induced-pores in the as-built SS316L cubes.
Formation of this type of porosity in the as-built samples can be due to evaporation and
entrapment of some alloying elements [111]. Fig. 14 indicates that the densest sample, with
minimum porosity content, could be achieved utilizing an energy density between 70 to 80
J/mm?. This optimized range for energy density would be reliable until the other processing

parameters remain constant. It means that by any change in the layer thickness, scanning
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strategy, laser beam diameter and morphology of feedstock material from the optimized

condition, a slight re-optimizing might be required [112].

3.1.2.2. Microstructural evolutions during rapid annealing

Fig. 15 shows the general microstructure of the SS316L cube produced using the optimum
process parameters. Accordingly, the grains nucleated on the support structures were finer than
those in the middle of the cube. Formation of these fine grains at the bottom of the samples is
due to the presence of a cold building platform that acted as a heat sink. Due to the higher
cooling rate at the primary layers, the formation of finer grains near the building plate was
expectable. After printing the initial layers, gradually the role of the building platform in
dissipating the laser heat became less effective, resulting in heat accumulation in the center of
the samples. This accumulated heat promotes epitaxial grain growth in the direction of the
maximum thermal gradient. Formation of this type of microstructure in the as-built SS316L
samples is also consistent with the results reported by Andreau et al. [113]. In fact, they proved
that in the first layers, the grains were finer with random orientation while after some initial
layers, the grains continue to grow along a preferential direction, creating a strong texture along

the BD (Fig. 15(b)).
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Fig. 15. (a) Optical micrograph, and (b) EBSD color map [113] representing the grains morphology and
orientation from bottom to center of the as-built SS316L specimen.

Fig. 16 compares the 3D OM micrographs of the L-PBF SS316L samples before and after
the rapid annealing at 1300 °C for different periods of time, from 10 s to 120 s. The top surface
of the specimens (XY plane) indicates that laser tracks are intersecting at an angle of 90°, which
is equal to the rotation angle per layer during the building process. Besides, fine equiaxed grains
observed in the XY plane are indeed a transverse section of the columnar grains that have grown
along the BD. As already discussed, it is well documented that the formation of the elongated
grains along the BD is usually due to the presence of a high thermal gradient along the BD that
results in a directional heat dissipation [114]. It is evident that by increasing the annealing time
the columnar grains grew, and the melt pool boundaries faded gradually until they completely

disappeared after 120 s.
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Fig. 16. OM micrographs of the L-PBF SS316L sample, (a) in the as-built state, after heat treatment at
1300°C for (b) 10's, (c) 20's, (d) 30 s, (e) 45 s, (f) 60 s, (g) 90 s and (h) 120 s.

FE-SEM micrographs in Fig. 17 represent the effect of heat treatment on the cellular and
dendritic structures formed inside the melt pools during the L-PBF process. In fact, as reported
in the literature, the final microstructure of an AM sample can be defined by the local
solidification rate, the temperature gradient at the solid-liquid interface (G), the growth rate of
the solidifying front (R), the undercooling (47) and the alloy composition. In particular, the
solidification mode and consequently the morphology of the final microstructure depends on

the solidification morphology parameter (G/R) and the cooling rate level (GXR) [115].

Notwithstanding some local variations in the microstructure of the as-built sample, the high
cooling rate in the L-PBF process, that can reach 10°-10° K/s, contributes markedly to the
microstructure refinement and, as a consequence, to the higher mechanical properties compared
to the conventionally manufactured alloy [116]. It is also proved that this kind of cellular-
columnar structure can be formed only when G/R is higher than A7/D, where AT is the
solidification undercooling and D is the diffusion coefficient of the printed material.
Notwithstanding this knowledge, still the prediction of the microstructural features of SS316L
L-PBF samples based on the process parameters is a vital challenge. In particular, the local
changes in G and R values during the building process can lead to the formation of columnar
or equiaxed microstructures in the as-built samples. Fig. 17(a) illustrates a representative
microstructure of the SS316L samples, including cellular and elongated dendrites and the melt

pool boundaries in the as-built microstructure of the SS316L samples. Interestingly, as shown
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in Fig. 17(b), both the cellular structure and the melt pools boundaries were stable after
annealing up to 30 s. Instead, a substantial microstructural transition started after 45 s by the
partial coalescence of the melt pool borders (Fig. 17(c-d)). Fig. 17(e-f) indicate that at longer
annealing, up to 90 s, the melt pool contours disappeared, resulting in the homogenization of

the microstructure.

Fig. 17. Melt pools evolution in L-PBF SS316L samples, (a) in the as-built state, after annealing at 1300
°C for (b) 30 s, (c-d) 45 s, () 60 s, and (f) 90 s.

Fig. 18 shows the SEM image of the as-built SS316L samples indicating the formation of

a zigzag pattern during the epitaxial grain growth by passing through the successive layers. To
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minimize the nucleation energy during the solidification, the grains of the new layer
preferentially continue the growth path of the previous grains. Moreover, during the building
process, because of using 90° rotation per layer, in each new layer the laser trajectory is
perpendicular to the previous layer. As a result, the growth orientation of the grains as well as
their internal columnar dendrites rotates toward the maximum thermal gradient, which is
generated by the heat source. Consequently, cellular structure as elongated tubes with
polygonal cross-section were formed along the thermal gradient direction (Fig. 18(b)). Where
the laser tracks of the subsequent layers overlap, the grains and dendritic structure resumes the

growth pattern of the previous layer (Fig. 18(c)).

E e, T PR W L
Fig. 18. (a) Zigzag epitaxially grain growth during L-PBF, (b) Schematic of cellular growth during L
PBF, and (c) stability of the fish scale pattern after annealing for (c) 90 s and (d) 120 s.

In general, thus, the fish-scale pattern originates from a successive change in the growth
direction of the grains by passing sequential melt pools during the epitaxial growth. It is
interesting to point out that this pattern remained stable during the rapid annealing, even after
the heat treatments over 45 s that gradually unified the melt pools and eliminated the laser

runways (Fig. 18(c-d)).
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Fig. 19(a) is a representative SEM micrograph of the as-built SS316L sample produced via
L-PBF process. As can be seen, the cell size of the as-built sample that was measured using
triangle method [117] is 0.75+£0.09 pm. Kim et al. [118] and Yin et al. [119] found that the
cooling rate during the solidification is the key parameter that defines the cell size, and their

correlation can be expressed as follow:

/11:A[)PD (2)

Where 4; is the cell size, in pm, and f is the cooling rate, in K/s. A and D are two
parameters, with values in the range A = 10?-10%, and D = 0.25-0.7. In the literature, this
equation is well adapted to assess the relationship between the cell size and cooling rate for
various stainless steels, with 4 =80 and D = 0.33 [120]. Therefore, here the cooling rate during
the solidification was also estimated using this equation and the cell size calculated via image
analysis. The outcomes of this evaluation indicated that the formation of 0.752 pm cells
resulted from a cooling rate equal to 1.2X10° K/s. It is very interesting to notice that the

calculated cooling rate in this work is in a good agreement with those of literature [121].

The influence of rapid annealing on the cellular structure is presented in Fig. 19(b-d). The
comparison of Fig. 19(a-b) illustrates that the cellular network's size and morphology remained
stable during the rapid annealing up to 30 s. As the annealing time extended, the cell walls
gradually disintegrated, and after 60 s, they disappeared to a large extent (Fig. 19(c-d)).
Because of the high kinetic of lattice transformation at elevated temperatures, rapid annealing
even for longer times did not change the initial size of the cellular structures until complete
elimination of the cell walls [122]. According to Zhong et al., these cell walls characterized by
a high dislocation density are the SGBs [123]. In fact, the aggregated dislocations in the SGBs
are essentially immobile and can only move by glide mechanism [58, 124]. Hence, they
displayed higher stability during heat treatment and were eliminated at high temperatures only

for longer periods.
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Fig. 19. SEM micrograph of the cellular structures in (a) as-built state, after annealing at 1300 °C for (b)
30 s, (c) 45 s, and (d) 60 s.

Apart from the cell size, it is also believed that the cooling rate has a vital effect on other
microstructural features of the as-built samples. In general, standard rapid solidification of an
austenitic stainless steel can lead to the formation of two microstructures, according to its
chemical composition; austenite (y) and d-ferrite [125]. In fact, during the L-PBF process, since
the cooling rate is much higher than in the case of conventional manufacturing processes, the
molten material solidifies in a non-equilibrium state. As a result, the prediction of the phase
composition of the as-built samples are very challenging. In the literature, Schaeffler diagram
and pseudo-binary predictive phase diagram have been used to roughly evaluate the phase
composition and solidification mode of the SS316L during the rapid solidification [126]. In
this work, in order to predict the theoretical gross quantity of o-ferrite at first Cr and Ni
equivalents were calculated using the equations that are presented elsewhere [127]. According
to the Schaeffler diagram, pseudo-binary diagrams and equivalent contents of Cr and Ni, it was
found that the theoretical residual d-ferrite content of the as-built samples should lie in the 5-
10% range. Moreover, the ratio of Creq/Nieq. Was calculated to be 1.52. According to the
pseudo-binary phase diagram and the calculated Creq/Nieq. of the as-built samples, the SS316L

alloy used in this work was placed within the FA region, i.e. that of austenite + lathy ferrite. It
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means during the solidification, the primary o-ferrite solidifies in the melt pool. Thereafter, in
the L+ zone, the last fraction of liquid becomes rich in y-stabilizer elements such as Ni, N and
C, and solidifies later in the y structure. However, it should be underlined that the presence of
a rapid directional solidification together with the reheating of the solidified layers during the
building process can promote the segregation of alloying elements and consequently the
variation of the microstructural features. SEM images of Fig. 20 confirms the presence of some
white phases settled at the SGBs. In particular, EDS elemental analysis revealed that cell
boundaries were decorated with Cr and Mo as well as a small amount of Si (Fig. 20 (c)). There
are various theories about the presence of Si in the SGBs. Salman et al. [128] suggested that
since Si is a ferrite stabilizer, it probably leaves the liquid phase during the solidification and
precipitates at the SGBs. Saeidi et al. proved that during solidification, Si and Cr migrate from
the adjacent areas to cell walls and form spherical amorphous nano-inclusions [116]. The
simultaneous presence of Ni, Mo and Cr-containing silicate nano-inclusions can play a
synergistic pinning role at the SGBs. As a result, intertwined stabilized dislocations in cell
boundaries will act as a strong barrier to the movement of free dislocations. Recent studies
have also confirmed that cellular network can enhance the resistance of materials to

deformation by delaying or preventing the migration of free dislocations formed under external

force [129].
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Fig. 20. (a) Accumulation of heavy elements on the cell boundaries (in white color) and (b) at higher
magnification; (c) EDS elemental analysis of the white phase depicted in (b).
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The comparison of the XRD patterns of the atomized powder with the as-built specimen
through L-PBF suggests that the quantity of the primary o-ferrite in the as-built SS316L sample
was slightly lower than in the SS316L powder (Fig. 21(a)). On the other hand, structural
analysis via SEM equipped with EBSD detector verified the presence of a slight amount of -
ferrite on the cell boundaries (Fig. 21(b)). Accordingly, the unevenly distributed green dots in
the austenitic substrate (blue background) represent o-ferrite with body-centred cubic (BCC)
arrangement. As shown in Fig. 21(c), a high temperature annealing longer than 120 s could
annihilate the cellular structure and facilitate the diffusion of stacked elements from the sub-

grain boundaries into the austenitic substrate.
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Fig. 21. (a) XRD pattern of initial powder and as-built sample, (b) EBSD output implying on random
distribution of remained &-ferrite by BCC structure in austenite matrix, and (c) complete annihilation of
the cellular network after annealing at 1300°C for 120 s.
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Fig. 22. (a) XRD patterns of the L-PBF fabricated samples after different annealing times and (b)
changes of crystallite size and dislocation density during rapid annealing for different times.

XRD analysis that was performed on the samples before and after the heat treatment
elucidates the lattice transformations during the rapid annealing (Fig. 22). According to Fig.
22(a), owing to the Faced-Centered Cubic (FCC) structure of austenite, regardless of specimen,
(111) plane has the maximum peak intensity ratio (I/Imax) between atomic planes. Annealing
up to 20 s is accompanied by the strong intensification of the (111) plane reflection. But,
annealing at 30 s reduces the intensity of (111) plane again, with longer annealing times
following the previous intensification uptrend. The calculation of the variation of crystallite
size and dislocation density from the XRD spectra was executed by using Williamson-Hall and
Scherrer methods, and the results are presented in Fig. 22(b). It is very interesting to highlight
that before and after the 30 s annealing, two different trends were revealed. In fact, annealing
below 30 s evidently reduced the dislocation density and caused the growth of the crystallite,
whereas, annealing for 30 s resulted in a transitory reversion of this trend. This discrepancy
can be attributed to the thermal recovery and rearrangement of the free dislocations. As a matter
of fact, as the annealing time increased, the twisty dislocations walls were gradually dissipated.
This structural evolution emerged as a decrease in dislocation density along with an increase

in crystallite size.
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Fig. 23. (a-c) EBSD grain color map, (d-f) band contrast, and (g-i) misorientation profile of L-PBF
fabricated SS316L samples after annealing for 45 s and 90 s at 1300 °C.

EBSD grain color maps of as-built SS316L specimen after 45 s and 90 s annealing at 1300
°C is displayed in Fig. 23(a-c). Variation of color contrast in discrete grains can be attributed
to the intergranular misorientation. Hence, the increment colors variety in the color map of
EBSD images implies augmentation of the preferential orientations in many numbers of the
grains and depression of the developed texture along the BD. Both small swerved and narrow
columnar grains of opposite colors are probably formed in the overlap zone between the
adjacent laser tracks. As can be seen in this figure, increasing the annealing time causes an
increase of the grain size. The band contrast images of Fig. 23(d-f) reveal that annealing for 45
s has remarkably removed the SGBs and more annealing time could not make impressive
changes in the structure. The variation of the misorientation profile for similar distances of
specimens after different annealing times is presented in Fig. 23(g-1). As can be seen, annealing

for 45 s significantly increased the fraction of high angle grain boundaries (HAGBs), which
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means a huge number of low angles grain boundaries (LAGBs) are annihilated. However,
doubling the annealing time did not tangibly increase the HAGBs. Comparison of this trend
with SEM images of Fig. 19 and Fig. 21 and dislocations trend in Fig. 22 revealed that a
continuous reduction in the dislocation density, the annihilation of cellular structure, and

downtrend of LAGBs during annealing over the 30s occurred in accordance together.
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Fig. 24. (a,b) EBSD PF and IPF of the as-built SS316L, and after annealing for (c,d) 45 s and (e,f) 90 s.
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To survey the effect of rapid annealing on the crystallographic texture and preferential
orientation of the grains, the stereographic texture pole figures (PF) and their corresponding
inverse pole figures (IPF) were investigated in the samples before and after the heat treatment
(Fig. 24). The center of pole figures is parallel to the building direction (normal to the page),
and the scale bar presented beside the pole figures refers to texture intensity of a random
distribution [130]. Therefore, the stronger the texture, the greater the intensity. The centralized
intensities on pole figure imply preferential orientation of a certain set of grains [131]. The
orientation of grains often follows the thermal gradient. High laser VED creates a localized
heat accumulation that can make a homogeneous melting and dissolve most of the pre-existing
heterogeneities in the former layer. As a result, there would be sufficient time for the grains to
be oriented and grow against the heat transfer direction [132]. Therefore, several large and
elongated grains with a preferred orientation along the BD, are aligned and developed a
predominant texture along (100) <101> (Fig. 24(a, b)). As discussed earlier, in the L-PBF
fabricated SS316L samples, the predominant phase is austenite with FCC arrangement.

According to solidification theory of FCC materials, <100> is the principal growth direction
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of this family of crystals. Since different crystallographic planes in FCC materials have distinct
packing densities, solidification occurs along the direction with the least atomic aggregation
due to faster heat dissipation [113]. Since the samples were produced using a stripe scanning
strategy by 90° rotation, advance orientation of heat source and subsequently solidification
direction frequently changes. On the other hand, the solidification of the last deposited layer
starts from the bottom of the molten pool, because the transverse section of the already grown
columnar grains would be an eligible site for heterogeneous nucleation. Hence, new grains tend
to germinate on top of the previously formed grains and continue to grow epitaxially.
Oftentimes, the angular deviation between the thermal gradient direction and the epitaxial
growth is not substantial for disrupting the vertical growth of the columnar grains. Comparison
of PF and IPF of the as-built sample (Fig. 24(a,b)), with annealed samples for 45 s (Fig. 24(c,d))
and 90 s (Fig. 24(e,f)) revealed that by annealing over 30 s, regardless of annealing time, spread
texture is majorly attenuated. This effect can be verified through the comparison between the
PF patterns before and after the annealing. In fact, after annealing for 45 s, maximum texture
intensity is reduced from 28.3 to 10.6, while annealing up to 90 s led to a reduction in the
texture intensity to 8.54. On the other hand, the maximum texture intensity of the IPF patterns
is reduced from 8.66 in the as-built sample to 3.54 and 3.17 after annealing for 45 s and 90 s,
respectively. Likewise, during annealing up to 90 s, the reduction in texture along the BD (100)

is accompanied by a change in overall lattice orientation to other directions.

All the evidence implies a remarkable texture attenuation and gradual annihilation of the
cellular structure. To find the origin of such behavior, the components of the cellular structures
must be investigated as dissociated. According to the literature [133], the cellular structure is
composed of tubular columns with polygonal cross-section, with the walls of the tubes made
by intertwined dislocations, i.e. SGBs. Most of these intergranular tubes grow parallel to the
grain boundaries and sometimes passes through multiple melt pools. Hence, they have a large
aspect ratio which means the fraction of accumulated SGBs along the BD is much higher than
its value in the perpendicular direction. As a result, gradual annihilation of the cellular structure
during annealing leads to the removal of most of the aligned dislocation walls along BD. It
must also be considered that the tubes orientation was influenced by the laser source and had
different deviation angles with the BD, even if their general orientation was along BD. Sun et
al. [134] indicated that the orientation of the grains with respect to growth direction could also
contribute to developing the texture in the as-built SS316L samples. According to their

observation, a lower deviation angle of the orientation of the grain with respect to BD could
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intensify the texture along (100) direction. Compared to zigzag epitaxial growth linked to the
change in the growth angle in consecutive melt pools, straight growth of the grains can create
more strong texture along the BD. Here, both EBSD patterns in Fig. 23(a-c) and OM
micrographs in Fig. 25 show that during annealing, in some melt pool borders, straight GBs
evolved into a zigzag shape. This can be attributed to the faster lateral growth of the grains due
to horizontal residual stress along the laser path. As a result, the variation of grains morphology
from straight to zigzag could also contribute to texture attenuation during the annealing.
However, even after annealing for 90 s, the grains kept their elongated shape aligned with the
BD, suggesting that the zigzag boundaries were not playing a decisive role on texture
debilitation, since after the annihilation of cellular structure over 45 s, the (100) direction was

not the strongest anymore.

Indeed, dimensional, and morphological changes of the grains during the rapid annealing
were precisely evaluated, and the results are presented in Fig. 25. For a precise assessment of
the grain growth mechanism during the high-temperature annealing, an extra sample was
subjected to a heat treatment up to 300 s. The horizontal and vertical lengths of the highlighted
grains were measured, and the grain size distribution along with the average length and width
of the grains after different annealing times was presented. From the morphological insight,
the as-built sample (Fig. 25(a)) had thin elongated grains with straight GBs and annealing for
30 s clearly increased the width of grains (Fig. 25(b)). In the following, by annealing for 90 s,
120 s, and 300 s (Fig. 25(c-e)) the grain growth sped up while the fraction of serrated
boundaries increased, which can be ascribed to the lateral growth of the grains at the primary

stages of the annealing.
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Fig. 25. Variation of the grains morphologies and horizontal and vertical length distribution of the grains
in (a) as built sample and after annealing for (b) 30's, (¢) 90's, (d) 120 s and (e) 300 s.

Variation of average width, length, and aspect ratio of the grains after rapid annealing for

different times is presented in Fig. 26.
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Fig. 26. Variation of the average length, width, and aspect ratio of the grains after annealing at 1300 °C
up to 300 s.

As illustrated, annealing up to 300 s was constantly accompanied by horizontal (blue line)
and vertical (red line) growth of the grains. At the beginning of the heat treatment, the rate of
lateral growth along the laser trajectory surpassed the vertical counterpart. However, keep on
annealing for longer times eventuated in greater grain growth along the BD along with
annihilation of the SGBs (cell walls) and increment of the average aspect ratio of the grains.
The curves show that the annealing for more than 30 s and the consequent annihilation of the
cellular structure facilitate the stress relieving along the BD through the activation of the strain-
induced grain boundary migration (SIGBM) mechanism. According to the literature [135],
during the thermal recrystallization of samples having high residual stress, like in the case of
severely strained materials, the grains prefer to grow toward the locations with maximum
residual stress and stored energy. As a result, in materials with intensive texture and remarkable
stored energy, often during annealing the grain growth along the length of elongated grains

surpasses their transversal growth owing to SIGBM phenomenon.
3.1.2.3. Mechanical properties

Fig. 27 shows the effect of annealing time on the mechanical response of the L-PBF
SS316L specimens for compression and tensile tests. Uniaxial compression loading was
imposed along the building direction of the as-built specimens. As evident from the stress-

strain curves in Fig. 27(a-b) and from the values presented in Fig. 27(c), annealing for 10 s
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caused no measurable reduction of Yield Tensile Strength (YTS), Ultimate Tensile Strength
(UTS), or Yield Compressive Strength (YCS). However, annealing for longer times resulted in
an improvement in the elongation and a reduction in the mechanical strength with respect to
the as-built specimens. Obviously, annealing up to 30 s has not significantly attenuated the
tensile and compression strength of the samples. However, striking collapse in mechanical
strength after annealing for 60 s is evident. By annealing of specimens for 30 s, YCS, YTS and
UTS, declined from 305 MPa to 285 MPa (6%), from 530 to 455 MPa (14%) and from 681 to
637 MPa (6%), respectively. Instead, annealing for 60 s reduced the YCS, YTS and UTS values
to 222 MPa (27%), 405 MPa (24%), and 579 MPa (15%), respectively. A similar downtrend
for hardness [136] and tensile strength when increasing the annealing time [52] or temperature
[128] was also reported by previous researchers. It is evident that the attenuation of mechanical
strength by extending the annealing time concurs with the disintegration trend of the cellular
network. Therefore, it is worthwhile to conclude that the interconnected cellular network acts
like a scaffold pinned by nano-inclusions and ferrite stabilizer large atoms within the L-PBF
printed SS316L sample. As long as this scaffolding network remains stable, the outstanding
mechanical strength achieved as an advantage of L-PBF can almost be maintained. Instead,
there is no doubt that rapid annealing for more than 30 s would eliminate the subgrains and
reduce the strength, however increasing the ductility of the material. Nevertheless, the acquired
properties after long-term annealing are not so impressive to suggest the use of longer heat

treatments for L-PBF manufactured materials.
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Fig. 27. (a) Tensile, (b) compressive stress-strain curves and (c) variation of the YCS, YTS and UTS by
heat treatment at 1300 °C for different periods.

Fig. 28 shows the fracture surface of the samples after the tensile test. As can be seen, the

as-built sample (Fig. 28(a)) had the finest dimples and an increase in annealing time led to a
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partial growth of dimples in the fracture surfaces. Evidently, annealing up to 30 s could not
majorly affect the size and morphology of dimples (Fig. 28(b-d)) while longer heat exposure
increased the dimension of dimples (Fig. 28(e-h)). This behavior confirms that cellular
structure can directly affect the strength of the material and its gradual elimination after 45 s

reduces the number of dimple walls, which hints at a softer fracture.

Fig. 28. Fracture surface of the (a) as-built sample, after annealing at 1300 °C for (b) 10 s, (¢) 20 s, (d) 30
s, (€)45 s, (f) 60s, (g) 90 s, and (h) 120 s.

In-depth Characterization of the fracture surface (Fig. 29) shed light on the destructive role
of some defects in the failure of the material. Fig. 29(a) shows that a long area has ruptured
with a slip facture mode, which is a soft failure mechanism. Since the heat-affected zone (HAZ)
of a laser track is the weakest point in the LPBF fabricated samples, probably this area was the
HAZ of a laser track that has insufficient interfacial bonding and acted as crack origin under
tensile loading. Fig. 29(b) shows that some inclusions were the origin of coarse dimples and
contribute as one of the failure originations points. Similarly, some non-metallic inclusions
with similar size and morphology were observed in OM micrographs during microstructural
investigations (Fig. 29(c)). SEM analysis of the primary powder revealed that similar
inclusions were present on the surface of the particles from the beginning. The elemental
distribution maps of Fig. 29(d) revealed that these inclusions were enriched in O and Si and
probably have SiO, composition. It is proved that these large oxide inclusions inside the
precursor powder formed during inert gas atomization were distinguished as the main origin of

the formation of micro/nano inclusion in LPBF fabricated SS316L components. But owing to
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have a melting point (about 1710 °C) below the temperature of the laser beam, most of them
were dissolved in molten pools under laser irradiation and formed again by re-oxidation/re-
precipitation [137, 138]. Eventually, they remained in the steel matrix in the form of
precipitates with negligible coherency and during the tensile test they could easily detach and

create a void much larger than the typical dimple.

Fig. 29. (a) Trace of laser tracks on the fracture surface, and (b) the presence of SiO; inclusions in a
dimple, (¢) OM micrograph of as-built sample, (d) Surface of the initial powder, and (e) element
distribution map of the primary powder.

3.1.3. Summary and conclusions

In the current study, samples of 316L austenitic steel were produced using the L-PBF
technique. To identify a fast process to counteract strong texture formed due to the rapid
solidification of fused layers, samples were treated via a short-term annealing (10-120 s) at
1300 °C. The effect of annealing time on the microstructure and mechanical strength of the

samples was evaluated. The main achievements of this research can be summarized as follows:

0,

¢ An increment of the annealing time gradually causes the borders of melt pools to vanish
and merged them together. SEM characterization revealed that the disappearance of the
borders began after annealing for 45 s, and over 90 s most the laser footprints were
removed, and grain growth accelerated.

+» The monitoring of the disintegration of the cellular structure during rapid annealing

indicated that the cell walls were stable up to 30 s and then were gradually annihilated.

Thermal stability of the SGBs can be attributed to the presence of Mo, Cr, silicate
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inclusions, and a small amount of 6-ferrite, whose presence were validated by EDS and
EBSD evidence.

The severe thermal gradient from the surface to the depth of melt pools, and the change
in the heat source direction during the buildup of samples, resulted in intensive epitaxial
grain growth along the BD. EBSD outputs showed that a strong texture developed along
the BD, that was largely thwarted by rapid annealing for more than 30 s. Since after
annealing over 45 s the grains were still elongated, the texture reduction is instead
attributed to the annihilation of the cellular structure as well as to the disordered
transformation of straight GBs to zigzag shape.

According to the analysis of the size and shape of the grains, by annealing over 30 s the
grains started to grow faster along their length (BD), and their aspect ratio constantly
increased. Due to remarkable residual stress along the BD, it can be attributed to the
activation of SIGBM mechanism.

Analysis of tensile and compressive properties of samples revealed that annealing up
to 30 s would not significantly reduce the YCS (6%), YTS (14%) and UTS (6%).
Whereas, annealing for 60 s lowered them about 27%, 24% and 15%, respectively.
Comparing the mechanical outputs with the structural evolutions disclosed the
undeniable scaffold-like role of SGBs on the mechanical strength of L-PBF fabricated
SS316L samples.
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3.2. Comparison of Water- and Gas atomized powders
Abstract

In the current research, the microstructure and mechanical properties of laser powder bed
fusion (LPBF) manufactured stainless steel 316L with water atomized (WA) and gas atomized
(GA) powders were compared together. Due to the irregular shape and higher laser absorption
of WA particles, when using powders with similar dimension, samples obtained from GA
powder present usually better performance. Hence, in the current work, WA powders with finer
size compared to GA were employed. According to the obtained results, using the same process
parameter resulted in higher tensile strength (UTS), yield strength (YS), elongation (E1%), and
toughness in the WA sample (728 MPa, 580 MPa, 31.8%, and 215 J/m3), compared to GA
sample (602 MPa, 503 MPa, 25.2%, 145 J/m3). Likewise, the WA sample showed a superior
work-hardening rate. The overplus oxygen in the WA sample combined with Mn, Si, and Cr
caused the formation of multiple inclusions that resulted in non-uniform hardness distribution.
A higher solidification rate of melt pools in the WA sample left more intensive residual stress
with distorted grains, showing a remarkable orientation spread (GOS). To save the lattice
continuity, a multitude of geometrically necessary dislocations (GNDs) formed around the
grain boundaries and the interface of particles/matrix, which emerged as higher kernel average
misorientation (KAM) in the WA sample. Measurement of the dislocation density from XRD
patterns validated the higher KAM and GNDs in the WA sample. Also, higher dislocation
density in the WA specimen appeared as a smaller cellular structure in SEM images, which
implies more sub-grain boundaries. The columnar growth of the grains along the building

direction created a stronger texture in the WA sample compared to the GA counterpart.
3.2.1. Materials and processing
3.2.1.1. processing

Gas atomized (GA) and water atomized (WA) powders of stainless steel 316L used in the
current study were supplied by Hogands AB and Pometon S.p.A (Italy), respectively. Both
samples were printed by a Concept Laser Mlab Cusing with a laser spot size of 50 pm and a
laser power of 95 W, scanning speed of 500 mm/s, layer thickness of 25 um, hatching distance

of 74 pm, and rotation angle of 67° as the optimum parameters.
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3.2.1.2. Corrosion

All electrochemical measurements were performed in 3.5 wt% NaCl solution. Samples
were mounted in epoxy resin and polished mirror-like before each corrosion test. The exposed
area was 0.9 cm? and all presented results were normalized for this value. Electrochemical
measurements were carried out in a 3-electrode electrochemical cell, where the sample was the
working electrode, a platinum wire was the counter electrode, and the reference was an
Ag/AgCl electrode. All corrosion tests were performed at room temperature, using the Ivium-
n-Stat potentiostat. Before each measurement, the sample Open Circuit Potential (OCP) was
measured for 30 min. Cyclic-Potentiodynamic Polarization (CPP) measurements were carried
out from -0.2 V vs OCP toward anodic voltage values. The scan rate was equal to 10 mV/min,
at potential steps of 1 mV. The scan direction was reversed when the measured anodic current
density was equal to 1 mA/cm? and the measurement finally ended at -0.2 V vs OCP.
Electrochemical Impedance Spectroscopy (EIS) was carried out by applying a sinusoidal
stimulus of 10 mV around the OCP. Measurements were performed in the frequency range of
102 Hz to 10° Hz, acquiring 10 points per frequency decade. Each electrochemical

measurement was repeated three times.
3.2.2. Results and discussions
3.2.2.1. Powder analysis

The morphology and size distribution of the GA and WA powder was characterized by a
digital optical microscope (Fig. 30(a, b)) and SEM (Fig. 30(c, d)). Also, characterizing the
cross-section of the GA and WA particles after etching reveals that WA powder is more
resistant to the corrosive media of the solution etchant. A comparison of the circular diameter
and circularity of the WA and GA powders used in this study (Fig. 30(e-h)) indicates that WA
powder has finer particles with lower circularity. Previous researchers demonstrated that the
particle size of the powders is strongly correlated with the flowability, and finer particles
usually show lower spreadability [37]. The average circular diameter of the GA and WA
powders was 29 um and 22 pm, respectively; these values are in the optimal size distribution

range for LPBF (ranging from 10 pm to 45 pm) [12].
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Fig. 30. Optical 3D micrographs and SEM images of GA (a, ¢) and WA (b, d) samples and distribution
histograms of size and circularity of GA (e, g) and WA (f, h) samples.
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The selection of true layer thickness can directly affect the productivity of industrial
applications. The optimum layer thickness that results in maximum compactness and proper
bonding between successive layers in AM fabricated samples was often determined as a value
between D(50) and D(90) of the powder feedstock [34]. In the current work, both the GA and
WA samples were printed with a layer thickness of 25 pum. The particle size distribution (PSD)
of the GA powder is wider than the WA powder and usually could make higher packing density
since the fine particles fill the voids between large adjacent particles [15]. Apart from powder
morphology, the surface roughness of the printed samples improves proportionally to the
powder flowability [139]. Also, it has been proven that reduction of the particles size will

increase the laser absorption (Fig. 31).
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Fig. 31. Thermal absorptivity Comparison of Bimodal and Gaussian powder [140].

The chemical composition and elemental distribution map of the GA and WA powders are
presented in Fig. 32(a, b) and Fig. 32(c, d), respectively. According to the chemical
composition tables of Fig. 32(a) and Fig. 32(c), GA powder has higher Mn and lower Si content
compared to the WA powder. Such a difference was repeatedly detected over multiple powder
particles indicating a consistent difference in the Mn value of the GA compared to WA powder,
as also has already been reported for the same alloy [141], as well as for 4130 [142] and 17-4
PH [32] steels. Furthermore, WA powder has a higher Si content with relatively large Si-rich
inclusions, whereas smaller particles can be spotted on the surface of GA particles. Such a
difference in the Si amount, together with the higher oxygen content of the WA powder, would

result in the formation of more inclusions in the WA sample during printing.
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Fig. 32. EDS and elemental distribution map analysis of GA (a, b) and WA (c, d) samples.

The EBSD analysis of the GA and WA particles is presented in Fig. 33. According to the
orientation maps of Fig. 33(a) and Fig. 33(b), both types of particles have a polycrystal
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structure while phase maps of the Fig. 33(c) and Fig. 33(d) imply the formation of a ferritic
phase during water atomization of SS316L. It means some fully ferritic particles and some
austenitic-ferritic (partially ferritic) particles were formed due to faster solidification in water
media. According to the elemental distribution map of Fig. 33(e), ferritic particles had a higher
fraction of Fe and lower amounts of Ni, Cr, and Mo. These particles are identified as o-ferrite,

formed during the molten steel's rapid solidification [143].
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Fig. 33. EBSD orientation maps (a, b) and the corresponding phase maps (¢, d) of GA and WA powders
and elemental distribution map of the WA powder (e).

3.2.2.2. Microstructural characterization

Microstructure and lattice parameters of the LPBF fabricated samples by GA and WA
powders has been compared together using different analysis methods. The acquired are

presented in the following.
3.2.2.3. XRD

Fig. 34(a) and Fig. 34(b) show the XRD patterns of the GA and WA powders, and the as-
printed samples, respectively. Fig. 34(a) properly shows that in both the GA and WA powders,
there is a peak of o-ferrite with BCC structure at 26 = 44°. However, this peak is rather sharper
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for WA powder compared with GA powder. It shows that some ferritic particles will indeed

form in both atomization media, though with a higher fraction in WA as could be also seen in

the EBSD maps (Fig. 33(c) and Fig. 33(d)). Fig. 34(b) reveals that, after printing the samples,

the peak of d-ferrite could not be found, which could be attributed to either the complete

dissolution of ferritic particles or the formation of a low volume of ultrafine ferritic phases that

the XRD could not detect.
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Fig. 34. XRD patterns of the GA and WA powders (a) and 3D printed samples (b).

The lattice parameters of the GA and WA powders and as-printed samples are presented

in Table 1. As shown, not only in the powder state but also after printing the samples the lattice

constant of the austenite phase in the WA specimen was lower than the GA counterpart. Also,

WA samples exhibited a smaller crystallite size and a higher dislocation density compared with
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the GA sample in the as-printed state. A similar difference was established in the lattice

parameters of d-ferrite in the WA and GA powders.

Table 1. Lattice parameters of the GA and WA powders and as-printed samples

Y-austenite

d-ferrite 2.8129 2.8772 - -
Y-austenite 351 626 474 408

d-ferrite 2209 378 - -
Y-austenite 1.52E+13 3.14E+12 5.68E+12 7.53E+12

d-ferrite 2.05E+11 7.00E+12 - -

3.2.2.4. LECO test

The amounts of oxygen, nitrogen, and hydrogen (ONH) in the as-printed samples by GA
and WA samples have been measured and the results are presented in Table 2. Since the
atmosphere of the printing chamber for GA and WA samples was similar (argon), the
difference in ONH can be attributed to the atomization media. Accordingly, GA has a higher
N value because of atomization in nitrogen inert gas, while WA powder has higher O and H
values due to the atomization in water. It has repeatedly been proven in the literature that
atomization in the nitrogen atmosphere directly affects the chemical composition by stabilizing
the austenite phase [27, 144]. Albeit, a high nitrogen content could cause problems such as
solidification cracking [145]. On the other side, a higher oxygen content can negatively affect
the processing by disrupting layer adhesion, i.e., via splitting the continuous laser track into

multiple molten segments and spreading more inclusions [140].
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Table 2. The results of the LECO test

0.0736 + 0.0066 0.0633 +0.0012 39.6 + 10

0.185+0.011 0.0222 + 0.0005 95.4+ 6.9

3.2.2.5. Microscopy investigation

Fig. 35(a) and Fig. 35(b) show the OM micrographs of the as-printed samples with GA and
WA powders, respectively. It is well depicted that the GA sample consists of a grain structure
with a fish-scale pattern, while the WA sample is composed of columnar grains along the BD.
The smaller particle size of the WA compared to GA powder besides the higher laser absorption
of WA powder has created better bonding between deposited layers, which is in accordance
with the reported results by previous researchers [146]. Indeed, higher laser heat input would
provide the condition for a deeper penetration of the laser beam, partial remelting of the last
deposited layer and stronger orientation of the grains along the BD with nucleation on the
epitaxially grown grains. Compared to the components made with gas-atomized, those printed
with the water—atomized counterpart benefit from the superior surface finish, uniformity in
deposition and stronger layer bonding [32]. The higher laser absorption of WA compared with
the GA powder results in the creation of hotter melt pools with a faster solidification rate that

in turn can promote a finer dendritic structure [147].

Fig. 35. 3D optical micrograph of GA (a) and WA (b) samples.

Fig. 36 shows the shows the 3D surface topology of the GA and WA samples. As can be

seen, the WA sample exhibits lower fluctuations on the top surface. The values of the surface
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roughness for WA sample were varied from 0 to 16.63 while for GA counterpart these values

have changed between 0 to 46.21. Evidently, the WA specimen represented the lowest surface

roughness which implies on smoother surface of the printed part.

X (pm)

Fig. 36. Surface topography of GA (a) and WA (b) samples.

The EBSD maps in Fig. 37 properly shows the differences between the grain morphology
of the GA and WA samples. Similar to the OM observations, the WA sample shows more
elongated grains along the BD. Fig. 37(c, d) display the corresponding IQ maps along with
histograms of grain misorientation wherein the solid red lines represent the low angle grain
boundaries (LAGBs) with misorientation angle (6) between 2 and 15° and the blue lines
represent the high angle grain boundaries (HAGBs) with misorientation angle (8) over 15°.
The measurement of misorientation angle in AM fabricated samples points to the formation of
a larger fraction of LAGBs (2° <8 < 15°) in WA as opposed to more HAGBs (15° < 0) in GA

samples (as can be inferred from the misorientation angle histograms shown in Fig. 37(e, f)).
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Fig. 37. EBSD orientation pattern, IQ map, and misorientation angle histogram of GA (a, ¢, ¢) and WA
(b, d, f) samples.

The EBSD phase analysis of the GA and WA samples is exhibited in Fig. 38(a, b). As
shown, the GA sample exhibits an almost fully austenitic structure. However, some ferritic
zones are formed in the WA sample. The corresponding elemental distribution map of the WA
sample (Fig. 38(c)) implies Fe enrichment of the ferritic zones. Obviously, multiple fine
inclusions containing Si, Cr, and Mn have been formed in the WA sample. The high amount
of residual oxygen in the water atomized powder led to its reaction with the Si, Mn, and Cr and
form submicron oxides [56]. The formation of these particulates can directly affect the
mechanical properties [148]. Kong et al. have illustrated that the formation of nano-twins
around these inclusions in additively manufactured SS316L samples could improve the
resistance against crack propagation [149]. However, their coarsening during annealing would

have a reverse effect and degrade the mechanical properties [55].

[ehEems —=> &

Fig. 38. Phase map of GA and WA samples (a, b), and elemental distribution map of WA sample (c).

The Kernel Average Misorientation (KAM) distribution maps are employed to compare
the local orientation differences between GA and WA samples (Fig. 39(a, b)). As shown, the
WA sample shows a rather higher KAM value than the GA specimen. It can be attributed to

the generation of more dislocations due to the higher solidification rate of the WA sample.
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During the AM process, remelting/reheating of the successive layers results in an
inhomogeneous spreading of the dislocations by continuous re-orientation of the grain
boundaries [133]. Since the KAM map represents the extent of the misorientation between a
certain point (kernel) of grain with its surrounding points (typically below 5°), the higher KAM
value implies higher dislocation motion and localized plastic deformation [150]. The strain
accumulation occurs predominantly near the grain boundaries and often the grains interiors,
particularly in the GA sample, are stress-free [151]. The stress localization around the GBs
forced the adjacent grains to increase their misorientation and to maintain the continuity
between the grains; thereby, more geometrically necessary dislocations (GNDs) will form
around the GBs [152]. The GNDs can be calculated according to the strain gradient theory with

the following equation:

PGND = 2 (1)
ub

where ponp 1s the GND density at the point of analysis, 8 represents the local misorientation
angle, u is the unit length of the point (# = 2x, where x is the step size used when taking the
EBSD images), and b is the Burger’s vector [153]. Furthermore, the formation of more
inclusions enriched with Si, Cr, and Mn in WA samples, in turn, contributes to the promotion
of GNDs being generated around their interface with the austenitic matrix. The proliferation of
dislocations is correlated with the misorientation distribution in grains and analyzing the grain
orientation spread (GOS) aids in quantifying this misorientation [154]. The grain orientation
spread (GOS) pattern shows the average deviation in orientation of each pixel of grain from
the average orientation of that grain [155] and is representative of the residual stress in a single
grain. Hence, greater distortion in a grain result in higher GOS while approaching the
recrystallized state appears with a lower GOS value. The GOS map of the GA and WA samples
is presented in Fig. 39(c) and Fig. 38(d), respectively. As shown, faster solidification led to
greater residual stress and higher GOS value in the WA sample [156]. The high concentration
of this residual stress on GBs responded by activation of slip systems around the interface and
generation of more GNDs [157]. Also, the GA sample has a higher fraction of fine
recrystallized grains, as can be inferred from Fig. 39(c,d) and Fig. 39(e,f), which mostly are
formed at the hatching and melt pool boundaries, where laser tracks had an overlap. So,
remelting of the previously printed layers facilitated the recrystallization of the new grains.
However, the recrystallization can be distinguished through the combined analysis of GOS and

grain size [158]. Ergo, comparing the grain size distribution of the GA and WA samples (Fig.
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39(e, 1)), a narrower distribution and the smaller average size of the grains in GA can be

observed compared with the WA sample, i.e., implying a more recrystallized structure.
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Fig. 39. KAM (a, b), GOS (c, d), and grain size distribution (e, f) in GA and WA samples.

The pole figures (PFs) and inverse pole figures (IPFs) of Fig. 40(a, b) shows that the
formation of aligned columnar austenitic grains vertically oriented along the BD has created a
strong crystallographic texture in the <001> direction. The higher texture index of the PF and
IPF implies the stronger orientation of the grains and more anisotropic properties in the WA
sample. The PF and IPF are planar stereographic illustrations of spatial structural orientation.
Hence, a detailed analysis of the orientation distribution in 3D space can be explored by the
orientation distribution function (ODF) maps. Fig. 40(c) and Fig. 40(d) display the ODF map
of texture in GA and WA samples, respectively. Tracing the crystal orientation in different
Euler angles (¢1, g2, @) through rotation of the @2 angle from 0 to 90° validated the stronger
texturing in the WA sample and lower anisotropy in the GA sample.
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Fig. 40. Pole figures (PF) and inverse pole figures (IPF) of GA and WA samples (a, b), and correlated
orientation distribution function (ODF) at Euler angle ®2=0-90 (c, d).

SEM micrographs of Fig. 41(a, b) show that due to rapid solidification during AM, a
noticeable amount of residual 6-ferrite has formed on the cellular structure of both the GA (Fig.
41(a)) and WA (Fig. 41(b)) samples. Likewise, lower average particle size of the powder and
more penetration depth of the laser beam in the WA sample have created more cohesive
bonding at the melt pool boundaries (Fig. 41(c, d)). A comparison of the cell size in WA and
GA samples (Fig. 41(e, f)) manifested more delicate and rather smaller cells in the WA sample.
It can be attributed to the higher under-cooling and solidification rate of the WA compared to
the GA sample. A similar observation has already been reported for fabricated samples with
both the LPBF and electron beam melting (EBM) additive manufacturing methods. Therein, it
is demonstrated that a lower solidification rate due to pre- and post-sintering of the deposited
layers by EBM resulted in a coarser cellular structure with thicker cell walls [159]. Formation
of finer cells means a larger density of cell walls which in essence are sub-grain boundaries,
consisting of twisted dislocations. This result is in accordance with the XRD and EBSD outputs

that showed a higher dislocation density and GNDs in the WA sample, respectively.
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Fig. 41. SEM micrographs of GA (a, ¢ and ¢), and WA (b, d, and f) samples.




3.2.2.6. Mechanical properties

Mechanical properties of the WA and GA samples have been evaluated, and the results are
presented in Fig. 42. Stress-strain curves of Fig. 42(a) clearly show the superior tensile strength
of the WA sample. The extracted data from the stress-strain curves are presented in Fig. 42(b).
As reported, the WA sample has shown higher ultimate tensile strength (728 MPa vs 602 MPa),
yield strength (580 MPa vs 503 MPa), toughness (215 J/m? vs 145 J/m?), and elongation (31.8%
vs 25.2%) compared with GA sample. It has been reported in the literature that for coarse
particles, the processability and circulation in the molten pool of GA track were more suitable,
while in the smaller size range of the powders, WA feedstocks give a better performance [160].
The work hardening rate micrographs of Fig. 42(c) points to easy glide of dislocations at stage
I of deformation. The main difference between WA and GA samples is in transition stage II,
where hardening attenuated with a lower rate in the WA sample. The behavior of the material
in the second stage is the result of a trade-off between hardening and softening phenomena
including partial glide of dislocations, generation of the new GNDs, and annihilation of
dislocations through dynamic recovery. In between, the formation of the dislocation tangles
could hinder the movement of free dislocations and limit the nucleation of new dislocations.
So, the formation of the stress field around these dislocation clogs plays a pinning effect that
eventually increases the tensile strength of the material [161]. The higher work hardening rate
of the WA compared to the GA sample can be attributed to the faster annihilation of
dislocations and dynamic recovery in the WA sample. As depicted in Fig. 42(d), the GA sample
shows a more uniform distribution as well as a rather higher average microhardness compared
to the WA sample (237 vs. 229, respectively). The more fluctuation of the hardness values in
the WA sample can be ascribed to the higher percentage of defects and inclusions as hard brittle
phases [41]. The SEM images of Fig. 42(e) and Fig. 42(f) display the fracture surface of GA
and WA samples, respectively. As can be seen, the average size of dimples in the WA sample
was lower than GA, which is in accordance with the higher strength and finer cellular structure

in the WA sample.
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Fig. 42. Engineering stress-strain curves (a) and extracted data from the engineering stress-strain curves
(b), true stress-true strain curves and variation of work hardening rate (c), Vickers microhardness (d), and
fracture surface of GA (e), and WA (f) samples.
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3.2.2.7. Corrosion

The electrochemical behavior of the samples was investigated using CPP and EIS
measurements. The CPP curves of the GA and WA samples are presented in Fig. 43. At the
beginning, both specimens showed similar values for OCP. Likewise, the cathodic branches of
the curves were marginally different for the GA and WA samples. Basically, in the cathodic
branch, oxygen reduction occurs on the electrode surface and the kinetics is determined by the
oxygen diffusion rate from the solution. However, in the anodic part of the curve different
behaviors were observed. The GA samples exhibit higher current density values in the anodic

part, which also reflects on the corrosion current density (icorr.) computed through the Tafel

interpolation.
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Fig. 43. Cyclic potentiodynamic polarization (CPP) curves of the GA and WA samples acquired in 3.5
wt% NacCl solution. Scan direction is indicated by arrows.

As reported in Table 3, Icorr., Which changes proportionally to the corrosion rate, was three
times higher for the GA sample. The higher corrosion potential (Ecorr.) of the GA sample
reflects the OCP values, implying a slightly nobler behavior of the GA sample.
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Table 3. Comparison of the most important parameters derived from CPP measurements for the GA and
WA samples.

-113.3 + 20.6 -114.8+ 6.4 13.8-10®% +7.98-10°® -242.0 + 18.7

. -138.3+24.0 -1343 £29.6 4.63-10%+£2.64-10® -249.0+11.5

In the anodic branch of the curve, both samples exhibited an active behavior that appeared

as increasing current density along higher applied potentials. Moreover, current peaks in the
anodic branch can be attributed to metastable pitting. The lack of a passive region made it
difficult to identify the pitting potential, which is generally an important parameter to describe
the behavior of stainless steel. After reaching the cycle vertex at a current density of 1 mA/cm?,
the scan has been reversed. Therein, the current density values remained high in a wide range
of potential that points to the formation of stable pitting. Re-passivation occurs at applied
potentials below the corrosion potential (about -242.0 mV for the GA sample and at -249.0 mV
for the WA one).

EIS measurements corroborated the electrochemical behavior observed with CPP curves.
As can be seen in Fig. 44, the superficial oxide layer is slightly more protective against the
chloride solution for the WA sample. From a graphical interpretation of Bode diagrams, this
can be recognized by looking at the maximum value in the phase that reaches higher values for
WA samples. Moreover, the impedance modulus at low frequency is higher for the WA sample,

showing better protective efficiency and a lower corrosion rate than the WA sample.
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Fig. 44. Two representative EIS spectra reported as Bode diagrams were acquired on the GA and WA

samples in 3.5 wt.% NaCl solution.

These considerations were further confirmed by the modeling of the EIS spectra by means

of equivalent electrical circuits (EEC). The used circuit shown in Fig. 45 comprises the solution

resistance (Rs), the resistance to charge transfer (Rct), and the capacitance of the double layer

(CPEa).

CPEy

Fig. 45. Equivalent Electrical Circuit (EEC) used to model the impedance spectra.

This last parameter was modeled using a Constant Phase Element (CPE) to consider time

constant dispersion on the electrode surface [162]. The value for solution resistance is taken

from the high-frequency impedance where the phase is close to 0° and, as expected, it is
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constant for both samples. Minor but statistically significant differences were observed in the
values of R, which is proportional to the corrosion rate, and CPEq, which models the non-
faradaic processes associated with double-layer capacitance (Table. 4). Indeed, in the WA
sample, higher values for both parameters were computed by means of EEC fitting. This
confirms the superior corrosion resistance of the WA sample. For both samples, the CPE
parameter (n) has values close to unity, indicating a behavior close to the pure capacitor for

this circuit element.

Table 4. Comparison of the EEC elements values for the GA and WA samples.

. 55+02 1.24-10° £ 0.78-10° 8.5:10° £ 8.0-10° 0.86 £ 0.01

. 55+0.2 1.15-10° £ 0.16-10° 6.23-10° £ 1.2-10° 0.88 £0.01

SEM images of Fig. 46 show the surface of the GA and WA samples after the
potentiodynamic polarization test. As can be seen, the GA sample exhibited a higher
vulnerability against aggressive ions in the corrosive media. Despite the greater number of
inclusions in the WA sample, they are strongly bonded to the austenitic matrix and did not
result in more pitting cavities. Higher corrosion resistance could be also attributed to smoother
surface of the WA sample. Often samples with lower roughness act as better barrier to
penetration of the aggressive electrolyte to the metal substrate. This is mainly due to the fact
that the stable passive layers which usually forms on the surface significantly reduces further
mass loss. Obviously, the more surface damages and local breakdown of the protective oxide

layer and oxidation of the substrate metal in the anodic zones result in the local pit formation.

Fig. 46. SEM images from the surface of the GA (a) and WA (b) samples after the CPP test.
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Effect of Co-addition of Ti and Mn

Mohammad Reza Jandaghi*, Hesam Pouraliakbar, Sang Hun Shim, Vahid Fallah, Sun Ig Hong,
Matteo Pavese, " In-situ alloying of stainless steel 316L by co-inoculation of Ti and Mn using LPBF
additive manufacturing: Microstructural evolution and mechanical properties", Materials Science and
Engineering: A, September 2022.

Abstract

Recently, Ti has been introduced as a grain refinement agent in additively manufactured
steels. Also, the outstanding formability of high-Mn TWIP/TRIP steels owing to low stacking
fault energy has been proved. In the current work, Ti and Mn were inoculated simultaneously
to the stainless steel 316L by LPBF in-situ alloying. Added elements locally formed complexes
of brittle phases that improved strength at the expense of elongation. Microstructural
observations revealed intermetallic masses comprised FeTi (bcc), o, and C14 laves phase (hcp)
surrounded by ferritic grains. The ultrafast solidification of the molten tracks induces
significant thermal stress, which was followed by the generation of geometrically necessary
dislocations (GNDs) at the interface of austenite and ferritic grains. The lattice response in the
intermetallic zone was activation of synchroshear mechanism in the C14 laves phase and heat-
dependent slip systems in FeTi and generation of twin-like structures and dislocation forest

within them, respectively.

3.2.3. Experimental method

Commercial gas atomized SS316L powder with particle size distribution ranging from 15
to 50 um was blended with 1 wt.% Ti and 2 wt.% Mn and used as feedstock material. The

elemental distribution map of the feedstock is presented in Fig. 47.
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Fig. 47. Elemental distribution map of the particles used as the feedstock.

A Sharebot METALONE Laser with a spot size of 40 um was employed to print the
specimens under an argon atmosphere (O2<100 ppm) with the optimized process parameters
0of 90 W, 400 mm/s, 30 um layer thickness, 70 um hatch spacing, and 67° scan rotation between
layers (i.e., the set of parameters that obtained the highest relative density). Samples were

3 for

printed with two geometries: cubic samples with a dimension of 10x10x10 mm
microstructural investigation and tensile samples with a gauge dimension of 32x6x4 mm?. To
reveal the grains, mirror polished specimens were etched by a solution composed of HCI,

HNO3, and acetic acid with volume ratio of 15:10:1.
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3.2.4. Results and discussions

The OM, SEM, and EBSD micrographs of the as-built SS316L and reinforced sample are
presented in Fig. 48. Samples were chemically etched for OM and SEM characterization. As
shown, despite applying the optimized process parameters, the guest elements have not
uniformly distributed inside the austenitic matrix. OM (Fig. 48(a, f)) and EBSD color patterns
(Fig. 48(b, g)) show a bimodal structure in the reinforced sample, including ultrafine grains
around the staked phases and coarse columnar grains at regions far from the created phases
signalizing the epitaxial growth. According to the SEM micrographs of Fig. 48(c) and Fig.
48(h), these undesired phases are mostly formed at the melt pool borders as well as vast areas
in some melt pools. The formation of these phases has limited the typical cellular structure of
additively manufactured SS316L. Likewise, the intensive vulnerability of these phases at
corrosive media of etching (white districts in SEM) arises from a difference in their chemical
composition with the substrate. An analysis of the phase map revealed that alloying elements
localized in the austenitic matrix have resulted in the formation of some bcc and hcp phases
compared to conventional SS316L (Fig. 48(d, 1)). The partial refinement of the grains besides
the formation of some phases that have hindered the epitaxial growth of the columnar grains

could attenuate the typical texturing along the buildup direction of additively manufactured

SS316L alloy (Fig. 48(e, j)).
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Fig. 48. OM micrographs, EBSD IPFs, SEM images, phase maps, and PFs of (a-e) unreinforced and (f-j)
reinforced AMed SS316L alloys.

Fig. 49 displays the typical stress-strain curve and the corresponding fracture surface of
the LPBF manufactured SS316L and reinforced specimen through in-situ alloying with Ti and
Mn addition. Although the yield strength () and ultimate strength (ours) of reinforced alloy
were higher, the formation of fragile phases significantly degraded the elongation (&) and
resulted in brittle failure of the reinforced alloy. It appeared as ruptured areas on the fracture
surface of the reinforced sample whereas the dimpled fracture surface of the customary
counterpart. Fig. 50 presents the effect of in-situ alloying with Ti and Mn on the true stress-
strain curves and work-hardening rate of the SS316L alloy. The reinforced alloy had a lower
slip in the first stage of work hardening. In the second stage, brittle phases that could hinder
the dislocation's motion have limited the plastic deformation. As a result, the applied stress
overcame the strain field induced by accumulated dislocations around the brittle phases and
caused the failure (stage III). According to the microhardness variation profile of Fig. 50 and

corresponding OM micrographs of the examined points, the reinforced sample showed local
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hardness values about two times higher than nominal values for SS316L alloy when passing

the indenter on brittle phases.
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Fig. 51. microhardness profile of SS316L and reinforced alloy with Ti and Mn addition.

STEM image of Fig. 52(a) is provided from the border of a melt pool enriched of
accumulated phases. According to the elemental distribution map of Fig. 52(b) and the TEM
image of Fig. 52(c) and its corresponding SAED patterns, despite addition of 1 wt.% of Ti, its
aggregation has locally changed the proportion of Ti/Fe to higher values. As a result, FeTi (that
according to the Fe-Ti phase diagram must form at 50 wt.% Ti) has been formed at the center
of the stacked phases with a superlattice bcc structure [163]. XRD patterns of Fig. 52(d)
validated the existence of these bcc phases in the reinforced sample. SAED patterns proved
that the FeTi pieces are surrounded by C14 laves phases with /cp structure and lower Ti and
higher Cr and Mn contents. Since Ti is a ferrite stabilizer element, a ferritic interlayer with bcc
structure is formed between the intermetallic phases and austenitic substrate with fcc structure.
The ferritic grains have higher Cr and lower Ni and Ti values compared to the adjacent C14
laves phase. Rapid solidification of the deposited layers leaves remarkable residual stress which
in the austenitic zone has been responded by the generation of remarkable geometrically
necessary dislocations (GNDs) at the interface of austenitic and ferritic grains (Fig. 52(c)). The
strain gradient between the hard intermetallic zone and austenitic matrix led to GNDs pill up
at the intermediate soft area [164]. Likewise, the EDS map of Ni distribution indicates some

Ni-rich branches in FeTi and Laves phase.
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Fig. 52. (a) STEM image obtained from the interface of stacked phases and austenitic matrix, (b)

corresponding EDS elemental maps, (¢c) TEM image and SAED patterns of different regions of the
reinforced sample, and (d) recorded XRD patterns for the AMed SS316L alloys.
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According to the line-scan and EDS map analysis of Fig. 53(a), these regions were enriched
from Cr, Ni, and Mn. Comparing the SAED pattern of Fig. 53(c) with the lattice parameters of
the o phase in the literature (Table 5), shows a high similarity between the detected phase and
reported lattice constants for the o phase. Lee et al. [165] have also examined the Mn variation
in austenitic steels on precipitation behavior of the ¢ phase and found that Mn replaces Mo in
the o phase. Also, it has been proven that the addition of ferrite stabilizer elements like Cr, Mo,
and Ti immediately leads to the formation of the ¢ phase [166]. So, Mn addition not only could
not improve the formability but also played an inverse role by reacting with Cr and Ni and
creation of the destructive o phase. According to Fig. 52 and Fig. 53, some TiO nanoparticles
were also formed inside the bcc, Laves and FeTi phases. These particles have been introduced

as the main refinement factor in Ti reinforced steels [167].

Atomic concentration, at%

Distance, nm

A Pl " : .

Fig. 53. (a) STEM image, EDS line scans, and corresponding EDS maps acquired from the branched
matrix, (b) TEM image and corresponding EDS maps along with SAED pattern exhibiting the formation
of the TiO nanoparticles and o phase, (c) TEM image illustrating the magnified view of TiO
nanoparticles embedded in a ferrite grain and (d).
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Table 5. collected lattice parameters of ¢ phase from the literature [166].

Alloy Lattice parameters of the ¢ phase (A)

Fe-Cr a=8.799,c=4.544
Fe-Mo a=9.188,c =4.812
Steel 316 a=8.28~8.38, c =4.597~4.599
Steel 316L a=9.21,c=4.78
20Cr-25-34Ni-6.5-8Mo a=8.87,c =4.61

Although TiO nanoparticles have not preferentially settled at the grain boundaries to pin
them. As depicted in Fig. 53(b) they will act as an obstacle against dislocations motion and in
turn will enhance the tensile strength of the reinforced alloy. The Cr-containing silicates are
the most prevalent oxides in SS316L alloy. These inclusions are a constituent part of the
feedstock particles and often dissociate and reform during additive manufacturing of stainless
steel [138]. Compared to the titanium oxides, the formation enthalpy of the silicates is
substantially lower [168]. So, from a thermodynamic standpoint, silicon oxides are more likely
to form, and the constitution of TiO nanoparticles may result from the higher kinetic of Ti

reaction with oxygen.

Fig. 54(a) depicts an overview of microstructural evolution from the boundary toward the
center of a melt pool including complex regions formed due to Ti and Mn accumulation. As
can be seen in the top-right corner, the FeTi phase and adjacent Laves phase have no
distinguishable boundaries. Also, comparing Fig. 54(b) and the obtained chemical
compositions (given in Table 6), illuminate that the Laves phases formed between the ferrite
grains and FeTi phase exhibit two distinct morphologies and compositions. The Laves phase
closer to the melt pool center contains higher Ti and lower Cr contents than the one beside the
ferrite grains. This phase appears to have responded to thermal stresses during rapid
solidification of the melt pool by activating the synchroshear mechanism, as can be inferred
from Fig. 54(c, d). Owing to the low activation energy, synchroshear is the most prevalent
mechanism for the basal slip in the Laves phase with Acp crystallography [169]. Indeed, the
twin-like structures in Fig. 54(d) are formed by multiple synchroshears and acted as slip planes
in the structure of the Laves phase under the applied thermal stresses. The magnitude of
synchronous glide of partial dislocations on adjacent parallel atomic planes is equal to the
length of Burgers vector [170]. As depicted in the SAED pattern of Fig. 52, FeTi has a
superlattice bcc structure and the slip systems in bcc require sufficient heat to activate. During
solidification, the synergetic effect of activation of slip systems in FeTi and the decreased SFE

by Mn addition (which facilitates the dissociation of dislocations), generated numerous
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statistically stored dislocations (SSDs). It could be inferred that the absence of interface
microcracks in the presence of brittle phases (i.e., intermetallic) denotes higher interface
cohesion which can be in direct correlation with the feasibility of dislocations dissociation by
Mn addition. Hence, the stacked phases in the center of the melt pools are recognizable from
their morphologys, i.e., the regions with highly accumulated dislocations contain the FeTi phase,
whereas the smooth phases containing twin-like structures represent the Laves phase.
Compared to SSDs, GNDs are more effective in the improvement of work hardening and
mechanical strength of the alloys [171]. It has been revealed that having the same dislocation
density, the yield stress and work hardening of the high-GND steels will be much higher than
high-SSD ones due to the higher heterogeneous deformation-induced strengthening. However,
the role of GNDs is more highlighted in the early stage of work hardening, where the plastic

strain is small, but SSDs dominate in the later stages where the strain is significant [162].

Fig. 54. TEM images of (a) various phases formed inside a melt-pool, (b) Laves phase, (c, d) the
synchroshear phenomenon within the Laves phase
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Table 6. EDS point analysis acquired from different phases.
Element FCC, (at%) BCC, (at%) Laves C14, (at%) Laves C14, (at%) BCC, (at%)

Austenite Ferrite Fex(Ti,Cr) Fe.Ti FeTi
0.74 0.67 0.79 0.73 0.28
0.24 3.93 16.76 23.7 50.7
19.54 21.95 15.72 13.97 4.84

3.6 3.06 3.12 2.8 1.39
62.15 60.31 50.84 48.74 31.89
12.23 8.35 11.24 8.69 10.37

1.52 1.74 1.53 1.36 0.52

3.2.5. Conclusions

In summary, to exploit the refinement impact of Ti and reduce stacking fault energy by
Mn, Ti and Mn were inoculated simultaneously to the stainless steel 316L by LPBF in-situ
alloying. Nonuniform distribution of the additives created complex intermetallic phases that
led to higher mechanical strength and brittle failure of reinforced alloy. In-depth analysis
revealed that stacked phases consist of FeTi (bcc) and C14 laves phase (hcp) are surrounded
by ferritic grains. Rapid solidification leaves remarkable thermal stress that was responded by
the generation of GNDs at the interface of austenite/ferrite and activation of synchroshear

mechanism and heat-dependent slip systems at C14 laves phase and FeTi, respectively.
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Chapter 4

Development of AISi10Mg alloy

4.1. Addition of Ni to AISi10Mg

Mohammad Reza Jandaghi*, Alberta Aversa, Diego Manfredi, Flaviana Calignano, Luca
Lavagna, Matteo Pavese, "In situ alloying of AlSi10Mg-5 wt. % Ni through laser powder bed
fusion", Journal of Alloys and Compounds, available online, 2 February 2022.

Abstract

In the current study, the effect of in-situ alloying of AISilOMg with 5 wt.% Ni
(pseudoeutectic composition) through the LPBF additive manufacturing technique was
investigated. Fabricated samples underwent supplementary annealing treatment at 300 °C for
15 and 120 min, eventually. During the thermal treatment, the fish-scale grains created after
printing inside the melt pools after printing vanished gradually. In the as-built sample, molten
Ni particles settled as big chunks of Al3Ni in the center and a thin strip of tiny Ni-rich masses
in the borders of the melt pools. FIB/SEM and AFM images revealed that after 15 min
annealing, silicon cellular dendrites fragment into fine Si particles, and during annealing for
120 min, the aluminum matrix expels out the supersaturated solute silicon atoms.
Consequently, Si atoms leave the substrate and diffuse to pre-existing Si particles in cell walls
and the triple junctions. Such a collective diffusion of Si atoms leads to the formation of coarse
Si particles widespread in the Al matrix. Based on the XRD outputs, annealing for 15 min had
not any major effect on Ni-rich phases. However, after 120 min, a more brittle intermetallic
shell of a Ni-rich phase formed on pre-exist coarse phases. The comparison of the mechanical
properties of the Ni-reinforced AlSi10Mg alloy with those reinforced via the addition of other
elements/compounds revealed that in a size range close to AISi10Mg particles, Ni could not be
an appropriate candidate for in-situ alloying through the LPBF method. Furthermore,
spheroidization of the silicon particles and formation of fragile Ni-rich intermetallic shells
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having weak interfacial bonding to the Al matrix during the long-term annealing results in a

significant reduction in mechanical strength of the specimens.
4.1.1. Experimental procedures

4.1.1.1. Materials

To prepare the feedstock materials a gas atomized AlSi10Mg powder (supplied by EOS
GmbH) sieved under 45 pm was mixed with 5 wt. % atomized Ni powder (supplied by Sigma
Aldrich Co.) with a size range below 20 pm. The size distribution histogram of the mixed
powder is presented in Fig. 55. The size of the Ni powder was chosen fine enough to facilitate
their complete melting and ensure the homogeneity of the chemical composition all over the
sample. However, due to the significant difference between the melting point of Ni (1455 °C)
and AlSi10Mg (near 570 °C), optimization of the building parameters would be very critical.
Likewise, this proportion was chosen close to the eutectic point to reduce the solidification
cracking possibility. The chemical composition of the used powder determined by Energy
Dispersive Spectroscopy (EDS) analysis is given in Table 7. The elemental distribution map
analysis of the as-mixed AlSi10Mg/Ni powder, shown inFig. 56, adequately confirms that the
Ni particles were distributed uniformly within the A1Sil0Mg powder.
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Fig. 55. The particle size distribution of the prepared AlSi10Mg+5%Ni powder.
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Table 7. Chemical composition by EDS of the mixed powder

Element Al Si Mg Mn Ti Cu Ni
AlSi10Mg+Ni Bal. 8.5-10.5 0.18-42 <0.55 <0.15 <0.05 5.1

WD = 84mm EHT=

 o0um ! e |
100um

Fig. 56. Elemental distribution map of the prepared AlSi10Mg+5%Ni powder.

4.1.1.2. Sample production

The specimens were printed using an EOS M270 system (maximum power, 200 W; beam
spot diameter, 100 um; laser wavelength, 1060-1100 nm) with the optimum process parameters
identified in an earlier study [172]. The building process was executed under a flowing inert
high purity Ar atmosphere, with the oxygen level kept below 0.1%, while the temperature of
the building platform was 100 °C. The as-prepared specimens were annealed at 300 °C for 15
min and 120 min and air-cooled eventually. In order to trace the phase evolutions in higher

temperatures by XRD, one of the sample was annealed at 400 °C for 120 min.

4.1.2. Characterization and mechanical evaluation

All samples for microstructural investigation were cut along the building direction (BD)

and mechanically ground and polished using SiC papers and diamond suspension, respectively.
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In the following, as-polished surfaces were electro-etched using Barker etchant [173] for
optical analysis and chemically etched using Keller’s solution for SEM analysis. A ZEISS
Supra 40 Field Emission Scanning Electron Microscopy (FE-SEM) equipped with an Oxford
EDS microanalysis (Liquid-N2 cooled Si(Li) detector and Helios NanoLab 600i Dual-Beam
focused ion beam scanning electron microscopy (FIB-SEM) equipped with 4 gas injection
systems for deposition (Pt, Au, SiOx) and etching (XeF2) were employed for detecting the
evolution of the particles. In order to trace the surface topography, Atomic Force Microscopy

(AFM) was employed.

Samples for the tensile test were machined according to ASTM E8 Standard [174]. The
tensile tests were carried out at room temperature using a Zwick/Roell Z050 testing machine
with a 2 mm/min crosshead velocity. The presented data are the average of at least three

specimens processed using similar conditions to ensure the reproducibility of the results.
4.1.3. Results and Discussion
4.1.3.1. Microstructural characterization

The 3D micrograph of an as-built sample, shown in Fig. 57(a), reveals the melt pools
orientation along the BD and laser traces on the top surface. Fig. 57(b) and Fig. 57(c)
adequately show the different phase evolutions in the center and border of the melt pools.
According to these images, the interface of the melt pools comprises a coarse dendritic silicon
structure with varying thicknesses. Likewise, the Marangoni effect appears as a circular flow

inside some of the melt pools.
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Fig. 57. Microstructure of an as-built sample in (a) 3D view and cross-section (b,c) in two different
magnifications.

The optical micrographs of the AlSil0Mg/Ni samples after short-term and long-term
annealing are displayed in Fig. 58. Based on Fig. 58(a), the as-built specimen comprised the
elongated grains perpendicular to the melt pool boundaries due to the Gaussian distribution of
the laser beam energy [175]. Epitaxial grain growth that generally results in the formation of
elongated columnar grains in an individual melt pool and an overall zigzag pattern along the
BD is a typical phenomenon in the LPBF fabricated samples [176]. It is well documented that
this epitaxial grain growth originates from directional solidification in the reverse direction to
the heat transfer in LPBF manufactured parts. According to the top surface image of the as-
built sample, some Ni-rich phases are pushed to the fusion borders. Likewise, some unmelted
phases are stacked inside the melt pools. Accumulation of these phases in the melt pool borders,
in turn, contributes to the formation of elongated grains from the borders toward the center of
the melt pools. In general, it is reported that the G/R ratio at the solid-liquid interface (G and R
are the thermal gradient and solidification rate, respectively) is the key solidification parameter
in the formation of specific grain morphologies in different regions of a sample [177]. As this
value decreases, planar, cellular, columnar dendritic, and equiaxed dendritic structures can be
formed, respectively [72]. Therefore, when Ni phases settle in the melt pool boundaries, many

small grains can heterogeneously nucleate at the borders due to the large value of G.
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Top surface lateral cross section

Fig. 58. LOM microstructure of the (a) as-built sample and after annealing at 300 °C for 15 min (b) and
120 min (c).

Owing to the high magnitude of G/R, most of the nucleated grains on borders compete to
grow as columnar grains, whereas few of them can grow towards the center of the melt pool.
Fig. 58(b) shows the microstructure of the as-built sample after annealing for 15 min at 300
°C. As can be seen, the morphology and size of the grains are still stable and have not
significantly changed. The fine grains on the top surface of the sample are cross-sections of
elongated grains along the building direction. According to Fig. 58(c), by annealing over 120
min at 300 °C, the fish scale pattern has almost vanished, and the melt pool boundaries
gradually merged. Furthermore, despite annihilating the grain structure after long-term
annealing, the phases formed in the borders did not leave their initial location completely and

appeared with different contrast.

Comparing the EBSD micrographs of Fig. 59(a) and Fig. 59(c) reveals that Ni addition
could not majorly refine the microstructure. Also, the band contrast image of the as-printed Ni-
reinforced sample (Fig. 59(d)) properly shows the non-uniform distribution of the Ni-rich

phases in the aluminum matrix. EBSD images of Figs. Fig. 59(e, f) and Fig. 59(g, h) shows the
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grains evolution after annealing at 300 °C for 15 min and 2h, respectively. As can be seen,
during annealing the recrystallization started from the fine-grain zones around the melt pool
boundaries. However, even after annealing for 2h the grains were not significantly grown, and
the morphology of the grains were remained the same. Likewise, applying post annealing led
to reaction of the unmelted Ni-rich zones with Al matrix which is clearly observable from the

band contrast.
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Fig. 59. EBSD IPF color map and band contrast image of (a,b) AISil0Mg, (c,d) Ni-reinforced and after
annealing at 300 °C for 15 min (e,f) and 120 min (g,h).

99



To better assess the structural transition in the as-built samples during annealing, FIB/SEM
imaging was employed at different magnifications, and the results are presented in Fig. 60.
According to Fig. 60(a,b), in the as-built specimen, a network of interconnected silicon
dendrites is widespread in the supersaturated a-Al matrix. After 15 min treatment at 300 °C,
most of the linkages between eutectic Si cellular structures were detached, and the conjunct
silicon phases were dissociated into the ultrafine particles (Fig. 60(c) and Fig. 60(d)). As the
annealing time increases, supersaturated a-Al tends to repulse the excessive dissolved silicon
into the matrix and reach a stable thermomechanical condition. In the following, by diffusion
and agglomeration of silicon into the spheroidized precipitated phases due to Ostwald ripening
phenomenon [2, 25], fine particles became coarser and significantly reduced their number (Fig.
60(e) and Fig. 60(f)). During this thermodynamically driven spontaneous phenomenon, to
reduce the lattice stored energy, the less-stable atoms located on the surface of the smaller
particles diffuse to the larger ones with higher volume to surface proportion. Consequently, the

smaller particles gradually shrink and/or coalesce to form bigger particles.
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Fig. 60. FIB/SEM micrograph of the (a,b) as-built sample and after annealing at 300 °C for 15 min (c,d)
and 120 min (e,f).

The acquired evidence after topography analysis of the surface through the AFM analysis
validated the FIB/SEM results (Fig. 61). As shown in the as-built sample, the walls of the
cellular dendrites are composed of delicate needle silicon particles, while triple junctions
contain coarser silicon particles (Fig. 61(a-c)). According to the literature, triple junctions have
higher stored energy, and during the thermal treatments, they start to melt at a temperature
below the standard melting point [178]. Since the cell walls are indeed the sub-grain
boundaries, probably higher diffusion kinetics has led to partial coarsening of the silicon
particles in the triple junctions (Fig. 61(c)). These coarse particles can be the destination of the

migrated solute atoms of silicon when leaving the supersaturated Al matrix during the heat
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treatment process. Consequently, after annealing at 300 °C for 120 min, numerous coarse

silicon particles were uniformly distributed in silicon-free Al matrix (Fig. 61(d,e)).

Si cell structure (d)

Fig. 61. AFM images show the cross-section of the as-built sample (a-c) after annealing at 300 °C for
120 min (d,e).

Exposure to different thermal treatments leads to the formation of three different zones in
terms of morphology and size of the cellular dendrites across the melt pools (Fig. 62(a)). The
fine zone (MP fine) in which the size of the cellular dendrites does not exceed 500 nm [179].
The grains in MP fine zone are partially oriented toward the center of the melt pool. The coarse
zone at the melt pool border (MP coarse), which has more equiaxed cells with bigger size (2-3
times) compared to the fine area due to a partial remelting and subsequent heat accumulation
at the bottom of the melt pool and symmetrical growth of the cells [180, 181]. The third batch
of the dendrites is in the Heat Affected Zone (HAZ) that forms on the outskirt of the melt pool
below the MP coarse strip. This layer is where during melting of the last deposited powder bed,
laser penetration depth was not sufficiently high to remelt it and only was exposed to a
temperature between 280-560 °C below a second. Although this temperature was not
sufficiently high to propel the long-range diffusion of solute Si to contribute to the particle
coarsening there, but the heat transfer of the laser could fragment the Si cellular dendrites.
During annealing at 300 °C, the cellular walls gradually collapsed and broke into equiaxed
particles. Consequently, after 15 min exposure to this temperature, in fine-grain regions
disintegrated Si networks were decorated like the HAZ strip (Fig. 62(b)). As exhibited in Fig.
62(c), the size of the silicon particles upon fragmentation of silicon dendrites and nucleation of
new particles from supersaturated Al matrix was in nanoscale. It was proved that the center of
the melt pools that benefits from interconnected silicon cells shows higher hardness compared

to the borders while HAZ displays the minimum hardness value [70]. Hence, regardless of Ni
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addition and related transformations under thermal treatment, complete dissociation of Si

cellular dendrites after annealing, in turn, can reduce the mechanical strength of this alloy.

Fig. 62. SEM micrographs of the as-built sample (a) after 15 min annealing at 300 °C (b) and formation

of the silicon nanoparticles in the fine-grained zone after annealing at 300 °C for 15 min (c).
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The elemental distribution map of Fig. 63(a-d) properly shows that during solidification of
anew layer, a significant portion of the Ni particles was driven to the melt pool boundaries and
stacked there as Ni-rich streaks (like Fig. 63(a)). Despite the gradual breakdown of the Si
dendrites during annealing at 300 °C for 15 min (Fig. 63(e-h)) and 120 min (Fig. 63(i-1)), Ni-
rich intermetallics were not majorly affected by heat treatment and preserved their initial
locations in melt pool boundaries. Comparison of Fig. 63(c), Fig. 63(g) and Fig. 63(k) revealed
that during annealing, supersaturated silicon atoms leave the Al matrix and form individual
particles or precipitate on pre-existing particles and coarsened them. As a result, gradually, the
Al substrate was depleted from the solute silicon atoms, and after 120 min most of the

coarsened Si particles were surrounded by the Al atoms.

Fig. 63. Secondary and backscatter SEM images and distribution map of Si and Ni elements in the as-
built sample (a-d), and after annealing at 300 °C for 15 min (e-h) and 120 min (i-1).

Line-scan patterns of Fig. 64 were taken perpendicular to the melt pool borders after short-
term and long-term annealing. Accordingly, differently from the spheroidization of the silicon
dendrites and coarsening of the silicon particles through the atomic diffusion from the
supersaturated Al matrix, Ni-rich phases are thermodynamically stable up to 300 °C. These
results show that the atoms belonging to Ni lumps could not undergo a long-range diffusion in

the Al matrix even after 120 min annealing.
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Fig. 64. EDS line scan perpendicular to the melt pool boundaries in (a) as-built sample after annealing at
300 °C for 15 min (b) and 120 min (c).

Fig. 65 shows the destructive role of Ni-rich intermetallics stacked at the melt pool
boundaries. As depicted in Fig. 65(a), the accumulation of the molten nickel particles does not
limit to the melt pool borders, and some Ni-rich phases were formed at the center of melt pools.
Nonetheless, owing to the weakness of the melt pool borders at the interface of MP coarse and
HAZ [182], precipitation of the Ni-rich phases made the borders drastically unstable (Fig.
65(b)). Consequently, even thermal shock during rapid solidification of the fused layers can

cause the crack initiation at melt pool borders and spontaneous failure of the specimen (Fig.
65(c)).
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Fig. 65. SEM images of stacked Ni-rich phases at the center (a) and melt pool borders (b) and OM
micrograph showing the spontaneous failure of the as-built sample from melt pool boundary.

The XRD patterns of Fig. 66 represent the phase evolutions during short-term and long-
term annealing of Ni-reinforced specimens. As shown in the as-built sample, the high
temperature of the laser irradiation could melt most of the Ni particles and make a reaction
between the molten Ni and aluminium matrix. Consequently, Ni is transformed into Al3Ni
intermetallic chunks. As shown, annealing at 300 °C for 15 min had no influence neither on

the AlSi10Mg matrix nor on Ni3Al phases formed in the printing step. Annealing at 300 °C
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for 120 min pulled the trigger of reactivity between the present Ni in the substrate as unmelted
particles or coarse NizAl chunks with surrounded Al atoms. Consequently, the peak intensity
of the NizAl phase is rather intensified. To trace the probable further phase evolutions, long-
term annealing at a higher temperature also was examined. As can be seen, annealing at 400
°C for 120 min has enhanced the intensity of the Al3Ni and Si peaks in the XRD pattern of the
specimens. It shows that annealing at a higher time and temperature however would increase
the reactivity of the Ni-rich phases but accompanies by dissociation of the Si branches formed
during the LPBF process and migration of the Si from supersaturated Al matrix toward the pre-

exist Si particles and eventually formation of coarse brittle Si particles.
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Fig. 66. XRD pattern of the as-built specimen after annealing at 300 °C for 15 min and 120 min and 400
°C for 120 min.

Fig. 67 shows the effect of annealing at 300 °C for 120 min on residual Ni-rich phases.
According to the optical micrograph of Fig. 67(a), which is taken from the as-built sample, the
chemical composition of coarse Ni-rich chunks is not uniform from surface to center of these
regions. It seems that however the heat of laser has evolved most of the Ni particles into NizAl
masses, but still the center of these chunks is composed of unreacted Ni. In the following, after
120 min heat treatment at 300 °C, a thin layer of another intermetallic phase has formed around
them (Fig. 67(b)). The formation of such a thin shell of intermetallic compounds on the Ni-rich
lumps implies that despite the destructive influence of Long-term annealing on dendritic silicon
structure, it had a slight effect on aggregated Ni-rich phases. However, even after the formation

of this shell, the center of the Ni-rich zones remained as unreacted (brown stripe). Regarding
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the difference between the melting point of AISi10Mg and Ni (570 °C and 1455 °C), the size
range of Ni particles must be considerably smaller to achieve a uniform distribution of NizAl
intermetallic particles in the Al substrate. Fig. 67(c) and Fig. 67(d) are provided from the
fracture surface of the as-built sample and annealed sample at 300 °C for 120 min, respectively.
Likewise, EDS analysis of Fig. 67(e) and Fig. 67(f), are related to the exhibited phases in the
fracture surface of these two samples. As can be seen, the stacked white phase of Fig. 67(c) is
enriched from Ni, while a thin gray layer of intermetallic is formed on it. After long-term
annealing, a dark crust of intermetallic was formed on it. The smooth surface of this phase is
representative of its weak adhesion to the matrix and easy separation under tensile loading. In
the meantime, the formation of some cracks on this intermetallic shell points to the brittle nature

of this phase.
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Fig. 67. Optical micrograph, SEM image of the fracture surface and EDS analysis of the accumulated
phases in the fracture surface of as-built (a, ¢, €) and annealed samples at 300 °C for 2h (b, d, ).
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The elemental distribution map of Fig. 68, referring to an as-built specimen, also confirms
the presence of coarse Ni-rich chunks in the fracture surface of the as-built specimen. As
depicted by arrows, many cracks are formed at the interface of Ni-rich lumps with the
aluminium matrix. It can be attributed to the difference in thermal expansion coefficient
between Al and the thin intermetallic crusts formed on Ni-rich lumps that detach from the
matrix during rapid solidification of the fused layers and act as a failure initiation point during

the tensile test.

Fig. 68. Element distribution map of the aggregated Ni-rich mass in fracture surface of the as-built
specimen.

Nonetheless, Ni-rich chunks were not the only origin of the failure under tensile loading.
To analyze the fracture mechanism in the samples, the fracture surface of the as-built specimen
(Fig. 69(a-c)) and of the ones annealed at 300 °C for 120 min (Fig. 69(d-f)) was investigated
by stereo microscope and SEM. According to Fig. 69(a, b), coarse Ni-rich lumps are uniformly
distributed in the fracture surface of the as-built sample and play the main role in the formation
of coarse dimples. Likewise, poor metallurgical bonding between the NizAl and Al matrix
induced the lack of fusion imperfection (Fig. 69(c)). The spherical hole of Fig. 69(d) shows
that some gas bubbles were also entrapped inside the melt pools during LPBF printing of the

samples. Such a round shape pores having smooth inner walls often form in the center of melt
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pools. Because regardless of the origin of the gas entrance in the molten pool, namely as
evaporation of smaller Al particles by a high laser energy density, hollow powders or absorbed
gas from the ambient atmosphere around the melt pool, rapid solidification does not allow it to
escape from the molten phase [183]. Fig. 69(e, f) shows the high magnification SEM images
of the finer dimples in the fracture surface of the long-term annealed specimen. The settlement
of the spheroidized silicon particles at the bottom of the fine dimples shows that these fine

irregular shape particles can also act as crack nucleation sites under tensile loading.

Gas pores

Fig. 69. Stere/SEM (a) and SEM images were provided from the fracture surface of the as-built sample
(b, ¢) after annealing at 300 °C for 120 min (d-f).

4.1.3.2. Mechanical properties

To evaluate the effect of short-term and long-term annealing on the mechanical
performance of the AlISi10Mg/Ni samples, tensile and compression tests were executed, and
the results are presented in Fig. 70. According to Fig. 70(a), annealing at 300 °C for 15 min
could not significantly attenuate the compressive yield strength, even if it is evident that the as-
built samples break in a brittle fashion, while the treated samples (in particular the one annealed
for 120 min) have a more ductile behaviour. In fact, to keep on the annealing up to 120 min
has remarkably reduced the compressive yield strength, from about 330 MPa to near 220 MPa.
According to the tensile stress-strain curves of Fig. 70(b), dissociation of the silicon branches
into fine particles after short-term annealing could not remarkably reduce the tensile strength
of the samples. But after annealing for 2 hours, coarsening of the silicon particles played a
destructive role and degraded the tensile properties. In Fig. 70(c), the tensile behaviour of the
AlS110Mg/Ni samples after short- and long-term annealing is compared by AlSi10Mg alloy in
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a pure state and after reinforcing with different metallic and non-metallic reinforcements. As
illustrated, compared to the non-reinforced Al1Si10Mg, Ni-reinforced alloy shows lower tensile
strength and a lower elongation to failure. Although short-term annealing could not majorly
attenuate the tensile resistance, the synergistic effect of spheroidized silicon particles and
promotion of brittle Al3Ni shell around the Ni-rich lumps after annealing for 120 min resulted
in a notable collapse in the mechanical properties. Furthermore, as shown, Cu-reinforced
AlSiMg alloy [184] has also shown a similar tensile behavior and rather lower strength
compared to the average strength of the 3D printed AlSi10Mg alloy. The noticeable point is
that according to the extracted results in the literature (Table 2), compared to metallic elements,
improvement of the mechanical strength of AISi10Mg alloy through the addition of ceramic
nanoparticles and carbon allotropes was more favorable. This suggests that to achieve a finer
cell structure in the AlISilOMg components manufactured through the LPBF process, the
addition of pre-synthesized fine ceramic particles is more effective than the addition of alloying
elements. In fact, the high solidification rate of the molten tracks hinders the long-range
diffusion of the solute elements, and for the complete dissolution of the additive metallic
particles, they must be very fine. Otherwise, applying an insufficient laser power for dissolving
a couple of the particles having a significant difference in melting point (like Ni particles in Al
matrix) only according to the optimum parameters for LPBF fabrication of a component cannot
properly spread the guest elements among the host matrix. On the other side, exposure of the
powder bed to intensive laser irradiation can lead to the formation of some pores due to the

Marangoni effect [185] and vaporization of some particles of the low-melting-point ingredient.
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Fig. 70. Variation of compressive (a) and tensile (b) stress-strain curves and comparison of tensile
behavior of Ni-reinforced AlSi10Mg alloy after annealing at 300 °C for 15min and 120 min with pure
AlSi10Mg and reinforced alloys/composites by other additive agents (c).
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Table 8. Overview of tensile properties of AlSi10Mg alloys reinforced by different reinforcements.

Particle size Additive Beam Laser  Hatching Layer Scan UTS El at
Reinforcement
Source Matrix ol matrix/reinforcement fraction  diameter power  distance  thickness speed break
materia
(nm) (Wt.%) (nm) (W) (nm) (um) (mm/s)  (MPa) (%)
This 270- 4.4-
AlSil0Mg Ni <45/<20 5 100 195 170 30 800
work 370 7.5
[186] | AlSilOMg TiC 30/1.5 5 70 100 50 50 150 470 11
[82] AlSil0Mg TiB2 53/15 5.6 75 210 100 30 1000 520 7.3
[187] | AlSil0Mg Nano-TiB2 <40/nano-sized 11.6 75 300 105 30 1000 530 15.5
[79] AlSilOMg LaBe 40/100 nm 0.5 70-100 300 130 30 1650 445 5.5
[188] | AlSilOMg Graphene 15-45/- 0.1-0.2 73 400 90 30 2250 500 7.5
[184] AlSiMg Cu 41 3.5 70-250 190 80 40 165 366 53
[85] AlSilOMg CNT <45/10-30 nm 1 70-500 370 105 30 1300 500 7.1
AlSil0Mg 358-
[189] - - - - - - - - 3-8
(Pure) 470

4.1.4. Summary and conclusions

In the current study, the AlISil0Mg powder was combined with 5 wt.% gas atomized
powder of pure Ni and then processed using the LPBF additive manufacturing method.
Samples were eventually annealed at 300 °C for different times, and their microstructure and
mechanical properties were surveyed. The main achievements of this research are summarized

as follows:

*

¢ The as-built sample had a fish-scale pattern in which the grains were oriented from the
center toward the borders of the melt pools. After annealing the samples at 300 °C for
15min, both the GBs and melt pools were gradually faded while keeping on the
annealing for 120 min resulted in the complete disappearance of the melt pools.

¢ During the printing process, most of the Ni particles reacted with the Al matrix and

formed Al3Ni phase and shoved towards the bottom of the melt pools and located there.

During annealing, the cellular dendritic structure formed in the as-built sample

gradually spheroidized into fine (after 15 min) and coarse (after 120 min) silicon

particles, but the Ni-rich zones did not majorly affect from annealing and preserved

their initial positions.

112



7
L X4

Microstructural investigation revealed that the high tendency of the Ni particles to
accumulation stimulated them to form coarse Ni-rich lumps in the center of the melt
pools. However, annealing at 300 °C for 15 min could not majorly affect the stacked
Ni-rich chunks and the residual pure Ni but after 120 min, a thick fragile shell of AI3Ni
was formed on Ni-rich masses. The creation of such a brittle crust on numerous Ni-rich
lumps having weak interfacial bonding with Al matrix and transformation of silicon
cellular dendrites to the coarse particles with sharp edges resulted in a significant drop
in tensile strength and a slight reduction in compressive resistance after long-term
annealing.

Comparison of the tensile strength of the AISi10Mg/Ni alloy with tensile behavior of
the AISi10Mg alloy and reinforced alloys by other materials revealed that compared to
metallic elements, the addition of ceramic nanoparticles and carbon nano-compounds

has a higher impact on the improvement of mechanical properties.
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4.2. Comparison of the Er,0; and Gd.Os Nanoparticles

Mohammad Reza Jandaghi*, Matteo Pavese, " Additive Manufacturing of nano-oxide
decorated AlSii©Mg composites: A comparative study on Gd»Os; and Er,O; additions", Journal
of Materials characterization, available online, October 2022.

Abstract

AlSi10Mg-based nanocomposites have been fabricated by laser powder bed fusion (LPBF)
additive manufacturing with the addition of 1 wt.% Gd>O3 and Er,O3 nanoparticles. The effect
of different process parameters and remelting strategies on the densification of the samples was
evaluated. Results showed that applying remelting by printing successive layers could reduce
the imperfections. The microstructural survey revealed that regardless of particle type, stacking
the nanoparticles on uneven surfaces of irregular AISi10Mg particles beside van der Waals
attractive force between the adjacent nanoparticles leads to the formation of coarsened clusters
in printed samples. The XRD patterns disclosed the partial reaction between the nano-oxides
and the aluminum matrix and the formation of some interfacial intermetallic layers, which also
were detected by SEM. The measurement of grain size and microhardness implied that ErxO;
had a more refining impact and could uniformly enhance the hardness compared to Gd2O:s.
However, due to more localization of the Gd>O3 nanoparticles and reciprocally more faulty
areas, hardness values had a wider deviation range. In addition, the average hardness of the
Gd203 and ErO; reinforced specimens was greater than the average reported for LPBF
fabricated AlSi10Mg composites. EBSD micrographs revealed that due to the pinning effect
of nanoparticles, the particle-rich zones had a higher KAM value and grain orientation spread

(GOS) which pointed to the formation of more GNDs at the Al/nanoparticles interfaces.
4.2.1. Materials and Methods
4.2.1.1. Materials

A gas atomized AISi10Mg stock powder with a diameter range of 15-53 um was provided
by EOS GmbH Co. The powder was composed of Si (9.4 wt.%), Mg (0.31 wt.%), Fe (0.16
wt.%), Mn (0.11 wt.%), Ti (0.10 wt.%), and Al (balance). High purity (99.9 %) Er,O3 (density
of 8.64 g/cm?) and Gd,05 (density of 7.41 g/cm?®) nanoparticles with a mean size of 100 nm,
supplied from Sigma Aldrich Co., were used as reinforcement agents. The A1Si10Mg feedstock
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powder containing 1 wt.% (0.86 At. % ErO3 and 0.93 At. % Gd»0s3) nanoparticle decorated
AlSi110Mg, was prepared by mechanical mixing in ceramic jars with a rotational speed of 60

rpm for 24 h. Fig. 71 shows the characteristics of the particles employed in the current research.
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Fig. 71. OM (a, b) and SEM (c) micrographs of the AlSi10Mg particles and SEM images of the Gd>O3
(d-g) and Er,03 (h-k) decorated AISil0Mg particles.

Fig. 71(a,b) represents the AIlSilOMg particles that were mounted, polished, and
chemically etched. The size distribution of the particles can be distinguished from Fig. 71(a).
Both the optical micrograph of Fig. 71(b) and SEM image of Fig. 71(c) properly manifest the
silicon dendrites in the gas atomized AlSi10Mg particles. Fig. 71(d-g) and Fig. 71(h-k) show
the distribution of Gd203 and Er,O3 nanoparticles on the surface of AlSilOMg particles,
respectively. According to Fig. 71(d,e) and Fig. 71(h,i), the distribution of the nano-oxide
particles on the A1Si10Mg particles having a spherical shape and a rather smooth surface was
uniform. On the other hand, comparing Fig. 71(f,g) and Fig. 71(j,k) revealed that significant
quantities of the fine oxide particles are aggregated in the cavities formed on the rough surface
of the irregular particles. Such a high tendency for agglomeration of nanoparticles can be
attributed to the high surface area of nanoparticles that favors the van der Waals interaction
among them [190]. Hence, to avoid this problem, some previous researchers have suggested
designing supplementary preparation processes like pre-alloying or electrostatic assembly, that

involves the coating of matrix powders with nanoparticles [79].
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4.2.1.2. Processing

The SLM process was conducted by a commercial system of Concept Laser Mlab cusing
R (Germany) equipped with an ytterbium fiber laser source. The maximum power of the laser
was 100 W while the wavelength and the spot size of the laser beam were 1070 nm and 70 pm,
respectively. The building chamber was filled with high-purity argon, and, during the printing,
the oxygen content inside the chamber was kept below 10 ppm. The layer thickness (15 um)
and laser power (95 W) were kept constant while the hatch spacing (95-105 pm) and scanning
speed (700-1100 mm/s) were variable during the processing. The laser scanning strategy was
based on stripes, with 67° rotation for each successive layer, to minimize the residual stress.
The densification and melt pool geometry of the LPBF fabricated specimens can directly be
affected by the applied energy density (¢) [191].

p=P/ (v-h-?t).

where P is the laser power, v is the scanning speed, h is the hatching distance, and t is the
layer thickness. Applying different processing parameters gives various energy densities, as
shown in Table 9Table 1. The fabricated composite samples had a cubic shape with a side

length of 10 mm.
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Table 9. Processing parameters for LPBF additive manufacturing of Al1Si10Mg nanocomposites

S . 2 z ) =)
i < o S 87 —~ Q
o S > 5 o~ 5 g £a e Eo e £33
=2 | 22 SE &g 2BE J& <Sa 2% ¢ 22
s O = g == 5, = 80 = O & o M -~
Z g g 2 5 5= - gE S
@ 8 — [ S o) o
E 3 0 O 84}
1 1100 0.105 95 0.015 55 96.66 96.3 93.7 96.3
2 1100 0.095 95 0.015 60 95.74 96.77 93.8 96.4
3 900 0.105 95 0.015 67 95.4 95.97 95.2 95.6
4 900 0.095 95 0.015 74 96.21 96.35 95.9 96.7
5 700 0.105 95 0.015 86 95.92 96.22 96.4 97.6
6 700 0.095 95 0.015 95 96.61 96.86 98.8 99

4.2.1.3. Experimental evaluation

The optical analysis of the microstructure was conducted by a Leica 5000 DMI optical
microscope equipped with a polarizing lens and an Olympus DSX1000 digital microscope.
Electron backscatter diffraction (EBSD) and scanning electron microscope (SEM)
microanalysis was carried out via a JEOL (JSM7001F) microscope working at 5-20 kV. The
chemical composition of the crystalline phases in the as-printed alloy was investigated by an
energy-dispersive x-ray (EDX) spectroscope. Phase identification was realized by an X-Pert
Philips x-ray diffractometer (XRD) with Cuk, radiation in a Bragg Brentano configuration in
a 20 range between 10 and 110 (operated at 40 kV, 40 mA, and step size of 0.013 for 25 s per
step). Microhardness tests were conducted with five repetitions per sample using a Leica

VMHT microhardness tester with an applied load of 100 g for 15 s.
4.2.2. Results and discussion
4.2.2.1. Process parameter optimization

Fig. 72 shows the results of using different process parameters during LPBF printing of
Er0; and Gd20s reinforced AlSi10Mg alloys on the relative density of the specimens. For
Gd0s reinforced nanocomposite, the increase of laser energy density (VED) could not majorly
change the relative density, while for Er;Os reinforced AlSilOMg the increase of VED
improved the densification of the samples and reduced the defects, particularly the lack of
fusion [192]. Applying supplementary remelting after printing successive layers minorly

affects the Gd,03; composites. Whereas remelting could significantly improve the relative
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density of the Er.O3 decorated composites, particularly at lower VEDs. Applying the remelting
step reduces the thermal gradient within the melt pool and improves the dispersion and
reactivity of nano-oxides within the Al matrix [193]. According to Fig. 72, the VED =95 J/mm?
as well as supplementally remelting was considered the optimum parameter for printing the

densest nanocomposite samples.
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Fig. 72. Variation of the relative density as a function of applied process parameters.

4.2.2.2. Microstructure analysis

Fig. 73 shows the optical micrographs of the non-reinforced AISi10Mg (Fig. 73(a), Fig.
73(b)) and the reinforced samples by the addition of Er,O3 (Fig. 73(c), 73(d)) and Gd>Os (Fig.
73(e), Fig. 73(f)) at different magnifications. As shown, compared with LBPF fabricated
AlSi10Mg, the addition of nano-oxide particles could not majorly refine the grain structure but
created some defects in the reinforced samples. Optical micrographs of the oxide inoculated
samples show that the Er03 reinforced samples included fewer and finer pores. Likewise, the
Er0; reinforced sample has rather narrower grains than the Gd>O3 counterpart does. However,

the average size and shape of the melt pools are similar.
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Fig. 73. OM micrographs were taken at two different magnifications from the AISil0Mg alloy (a, b), and
reinforced samples by Er20; (c, d) and Gd2O; (e, f) fabricated by the VED of 95 J/mm?.

Fig. 74 shows the microstructure of the reinforced samples at the interface by the building
plate. As can be seen, both the Er,O3 (Fig. 74(a)) and Gd»Os (Fig. 74(b)) reinforced specimens
had a contiguous interface with the Al building substrate. SEM micrographs of Fig. 74 (c, d)
also confirm the perfect adhesion of the Er.Os-containing nanocomposites to the building plate
at the primary printed layers. Fig. 74(e) and Fig. 74(f) display the EBSD analysis of the Er2O3
reinforced specimen at the interface with the building plate. According to Fig. 74(e), the first

10 pum of the printed composite is composed of fine equiaxed grains, which do not have any
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preferential orientation. Choosing AA6013 as the building plate having constituent alloying
elements close to the AISi10Mg alloy (Mg, Si, and Cu) reduced the possibility of the formation
of undesired phases at the first layers. Nevertheless, the higher thermal conductivity of AA6013
(170 W/m.K) [194] compared with AISi10Mg (110-120 W/m.K) [195] would increase the rate
of heat dissipation and accelerate the solidification at the first layers and eventually contribute
to the creation of finer grains. Also, the thermal conductivity of Er;O3 and Gd>Os is 6.5
W/(m-K) and 6.2 W/(m-K), respectively [196]. Consequently, the addition of these nano-
oxides would reduce the overall heat conductivity of the AlSil0Mg-based composites and
intensify the heating gradient at their interface with the AA6013 plate. So numerous grains
could heterogeneously nucleate on the building plate and solidify in a fraction of a second
[197]. Meanwhile, according to the EBSD color patterns, the penetration depth of the laser was
so negligible, that it could not affect the grain structure of the AA6013 substrate. In the
subsequent layers, the grains became coarser and oriented along the building direction (BD).
According to the grain orientation spread (GOS) shown in Fig. 74(f), the finer grains that are
formed in the initial layer have a lower GOS value. The GOS is the average angular deviation
of each point of a single grain from the average orientation of the grain [198]. Hence, a higher
GOS value for a grain implies higher strain accumulation within a grain and vice versa.
Therefore, the finer grains formed at the primary layers have a minimum GOS value and a
residual strain like with the recrystallized grains. As the further layers were printed, local
deviation from the average orientation of the grains increased, and only the regions which had
local strain accumulation and heat localization points such as hatch areas were partially
recrystallized [199]. These zones can be distinguished as small green grains between the coarse

grains of Fig. 74(f).
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Fig. 74. OM images were provided from the interface of the AA6013 building plate and the Er,O;
reinforced (a) and Gd»Os reinforced (b) composites, and SEM (¢, d) and EBSD (e, f) analyses were
performed on the interface of the Er,O3 decorated AlISil0Mg alloy with building plate.

Fig. 75 shows the EBSD analysis of the reinforced samples by the Er.O3 (Fig. 75(a-e) and
Fig. 75(al-el)) and Gd>Os (Fig. 75(f-j) and Fig. 75(f1-j1)) which are printed by the optimum
process parameters. Comparing the color map of Fig. 75(a) and Fig. 75(f) illustrates the random
orientation of the grains in both reinforced samples by different agents. Additionally, the
misorientation angle profiles of Fig. 75(al) and Fig. 75(f1) points to a higher value of high

angle grain boundaries (HAGBs) (15° < misorientation angle) in Er;Oj3 reinforced samples.
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Meanwhile, there are a lot of missing points (black dots) in EBSD micrographs, particularly in
Gd>Os3-containing samples, that probably could not be read by the EBSD due to the
accumulation of the nanoparticles. Micrographs of Fig. 75(b) and Fig. 75(g) are representing
the aspect ratio of grains along the horizontal direction. Since the grains are grown along the
building direction (BD), the aspect ratio is lower than one, and the more elongated grains
showed a lower aspect ratio (horizontal length/vertical length) and are colored blue. As the
morphology of the grains approached the equiaxed shape, the grain’s color inclines into green
and yellow. As can be seen, the grains are more elongated at the center of melt pools, while the
melt pool borders mostly include fine equiaxed grains. According to Fig. 75(b1) and Fig.
75(gl), the distribution histograms of aspect ratio in both samples are almost identical.
However, comparing the grain size distribution in Fig. 75(c, c1) and Fig. 75(h, h1) revealed
that the Er,Os reinforced specimen has a more uniform grain size distribution with rather finer
grains (the higher the ASTM grain size number, the finer the grains). Here again, the presence
of finer grains near the melt pool boundaries (blue grains) is evident. Fig. 75(d, d1) and Fig.
75(1,11) display the difference in GOS micrographs and distribution histogram of the reinforced
samples by ErxO3; and Gd»>Os, respectively. As shown, the extent of the distorted grains (with
higher GOS) in Er;O3 reinforced samples is lower than the Gd>O3 counterpart. The GOS
histograms also confirm that the average GOS in the Er2O; reinforced sample is slightly lower
than the Gd,Os decorated alloy. Variation of kernel average misorientation (KAM) and its
related histogram in the reinforced samples by Er>O3 and Gd»>Os is presented in Fig. 75(e, el)
and Fig. 75(], j1), respectively. Many researchers argue that the KAM pattern could be used as
a criterion to distinguish the distribution of geometrically necessary dislocations (GNDs) [153].
As presented, the regions where the particles are more aggregated (around the melt pool
boundaries) have higher KAM levels due to the pinning effect of the nanoparticles and finer
microstructure there. Indeed, the accumulation of the nanoparticles increases the dislocation
density locally and absorbing the laser heat results in the formation of fine grains in melt pool
borders and the rest of the particulate accumulated sites. Furthermore, comparing the GOS
micrographs and KAM patterns revealed that the grains with lower KAM and GNDs show a
rather lower GOS. Because the generation of GNDs is a lattice response to high thermal stress
during to rapid solidification of the molten material [157]. So, in regions that are more affected
by the pinning effect of nano-oxides, the lattice must generate more GNDs at the interface of
the nanoparticles with the matrix to keep its continuity. So Higher KAM values can be seen in

these zones. According to the KAM histograms of Fig. 75(el, j1) and misorientation profile of
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Fig. 75(al) and Fig. 75(f1) the fraction of low angle grain boundaries (LAGBs) in the Gd,0s

reinforced sample is significantly higher.
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Fig. 75. EBSD maps and their related histograms for Er,O3 (a-e and al-el) and Gd,Os3 (f-j and f1-j1)
reinforced samples: EBSD color map (a, f), grain shape aspect ratio (b, g), Grain size (c, h), grain
orientation spread (GOS) (d, i) and kernel average misorientation (KAM) pattern (e, j).

Fig. 76shows the misorientation profile at the particle-free and particle accumulated zones
of Er03 (Fig. 76(a-c)) and Gd»03 (Fig. 76(d-f)) reinforced samples. According to the indicated
arrows in the unique grain color patterns and the related misorientation histograms, in areas
with scarce nanoparticles, the major deviation points are the HAGBs. On the other side, the
local aggregation of nanoparticles in some regions is accompanied by a successive deviation
in orientation. It can be attributed to the passing from the nano-oxide-rich zones or crossing

finer grains (more HAGBs) formed because of the refining effect of the nanoparticles.
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Fig. 76. Unique color pattern and misorientation profile of the particle-free and particle-accumulated
zones indicated by arrows Er203 (a-c) and in Gd203 (d-f) reinforced samples.

Fig. 77 shows the pole figure (PF) and inverse pole figure (IPF) of the reinforced samples
with the addition of ErOs (Fig. 77(a) & Fig. 77(b)) and Gd>Os (Fig. 77(c), Fig. 77(d)),
respectively. As can be seen, the Er,Os reinforced sample showed a stronger texture along the
BD (001). This result was in accordance with the other EBSD outputs. Because, due to lower

particles accumulation, KAM value, and GOS, the orientation of the grains along the BD would

be easier.
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Fig. 77. Pole Figure (PF) and inverse pole figure (IPF) of the reinforced AlSi10Mg alloy with Er,Os (a,
b) and Gd,Os (c, d) nanoparticles.

Fig. 78 shows the XRD analysis of the pure nano-oxide powders and the LPBF fabricated
nanocomposites. According to Fig. 78(a, c¢), EroO; did not make any reaction with the
aluminum matrix. On the other side, according to the XRD patterns of Fig. 78(b, d), laser
printing of GdxO; reinforced AlISil0Mg alloy followed by reaction of nano-oxide and
aluminum matrix. Resultantly some negligible Al3Gd phase is formed that the related peaks
are labeled in the XRD graph of Fig. 78(d). According to the literature, the melting points of
Er03 (2344 °C) [200] and Gd203 (2420 °C) [201] are close together, while both of Er and Gd
elements have a eutectic point in their phase diagram by Al at 649 °C (Fig. 78(e)) and 634 °C
(Fig. 78(f)), respectively. Thus, if the laser beam could partially melt the nano-powders,
probably they will react with the aluminum matrix and form eutectic phases. Such a difference

in the XRD pattern of the reinforced samples can be attributed to more uniform distribution of
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the Er,O3 in Al matrix and the finer size of the Er-rich phases so that the XRD could not detect

them.
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Fig. 78. XRD spectra of the pure powder of Er203 (a) and Gd203 (b), the reinforced AISi10Mg alloy by
addition of these nano-powders (¢ and d) and the phase diagrams of the Al-Er [200] (e) and Al-Gd [201]

(.

To find the refinement impact of the nano-oxide particles on silicon cellular structure, SEM

characterization was employed, and the results are presented in Fig. 79.

Enr

SEM micrographs of Fig. 79(a-f) show the cellular structure in the reinforced sample by
O3 nano-oxides. As depicted in Fig. 79(a, b), in the Er.O3 reinforced sample the local
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accumulation of the nanoparticles was not limited to the center of melt pools. But also, in both
the border and center of the molten pools, aggregation of the nanoparticles was evident. The
EDS point analysis of Fig. 79(b) confirms the accumulation of Er.O3 particles at some melt
pools. The analogy of the SEM micrographs of Fig. 79(c-f) indicates that when the Er,O3
particles swept into the melt pool border, because of high local supercooling, primary cellular
dendrites of Si could not find time to grow and form the elongated cellular dendrites. Hence,
the melt pool boundaries composed of the finest grains. Additionally, according to Fig. 79(f),
uniform dispersion of the Er2O3 nanoparticles in the AlSi10Mg matrix would have a prominent
refinement effect on the cell structure in MP fine zone alike with our observation on Gd>O3
(Fig. 79(1)). SEM micrographs of Fig. 79 (g-1) are related to Gd>Os reinforced sample.
According to the Fig. 79 (g, h) the average size of the Si dendrites in the center of the melt
pools is finer than at the melt pool boundaries. But at regions with more dispersed
nanoparticles, their refinement is intensified (Fig. 79(i, j)). As exhibited in Fig. 79(j) the
difference in the size of the Si dendrites at Gd2Os-rich zones and the surrounding areas is
remarkable (EDS of Fig. 79(1)). It can also be concluded that the laser beam could not uniformly
disperse the nano-oxide particles in the Al matrix. Applying higher energy density might
enhance the circulation of the molten material but can exacerbate the formation of defects [202,
203]. According to Fig. 79(k, 1), the melt pool structure can be subdivided into three different
zones according to the morphology and size of the silicon dendrites. The MP fine zone (MP
fine) comprises a fine cellular structure, the MP coarse zone (MP coarse) which includes coarse
Si cells and the heat-affected zone (HAZ) [9]. MP fine zone and MP coarse zone are located
inside the melt pool while the HAZ is a transitional band below the melt pool border as a part
of the previous solidified layers [204, 205]. In HAZ, the connected Si branches were broken
into fine particles through laser heat [206]. The solidification mode and thickness of the cellular
arms depend on the temperature gradient (G) and growth rate of the solid/liquid interface (R)
in the molten pool. Different points at the border of the melt pool have diverse thermal gradients
(G) and growth rates of the solid/liquid interface (R). The temperature gradient (G) at the
surface of the molten metal is lower than in the melt pool depth. Also, the maximum growth
rate (Rmax) equals the scanning speed of the laser at the centerline of the melt pool while R is
near zero at the melt pool lateral boundaries. The G/R value determines the solidification
mechanism as reduction of the G/R ratio results in activation of the planar, cellular, columnar
dendritic, and equiaxed dendritic modes, respectively. Likewise, the G*R value controls the

thickness of the cellular structure at different points of the melt pool. The minimum G*R value,
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at the bottom of the molten pool, makes a coarse arm spacing while increasing the G*R value
from the molten pool border to the top surface of the melt pool results in the gradual refinement
of the arm spacing. Si has a large growth restriction factor (Q) which means Si can strongly
restrict the growth of a(Al) grains at the interface of solid/liquid [207]. During solidification of
the molten track of AlSi10Mg alloy, Si rapidly provided the required undercooling for the
growth of equiaxed dendritic and subsequently started to pile up to extend the supercooling
zone. But the epitaxial growth of the cellular dendrites was blocked by the equiaxed grains
formed at the center of the melt pools [208]. But comparing Fig. 79(k) and Fig. 79(1) reveals
that in some regions, MP fine zone consists of finer Si cells. It could be attributed to the uniform
dispersion of the Gd>Os3 nano-oxides in the Al matrix there. Because, regarding the high
melting point of the oxide particles, they could serve as inoculants for the heterogeneous

nucleation of new equiaxed grains.

TR dendrites

Fig. 79. SEM micrographs of the Er,O3 (a-f) and Gd;O3 (g-1) reinforced samples.

Nevertheless, the non-uniform distribution of nano-oxide particles could also cause various
imperfections which are explained in Fig. 80. Fig. 80(a-c) and Fig. 80(d-1) are related to the
Er03 and Gd»>Os reinforced samples, respectively. According to Fig. 80(d), in some regions,
the aggregated particles created unreacted coarse chunks. It is well known that significant van
der Waals attractive force between the adjacent nanoparticles pushes the nanoparticles to merge

and form coarsened masses [92, 197].
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Due to the weak adhesion of these phases to the Al matrix, creation of lack of fusion (LOF)
defect at these positions is possible. Also, because of the difference in thermal expansion
coefficient, during rapid solidification of the laser tracks, some cracks formed close to the
oxide-rich locations. Also, according to Fig. 80(e, f), laser heat can cause partial melting of the
Gd>O3 masses. But these stacked compounds have poor adhesion to the Al matrix and are weak
points that can degrade the mechanical strength. Fig. 80(g) shows that uniform dispersion of
Gd203 nanoparticles in the aluminum matrix could remarkably refine the Si cellular structure.
However, the accumulation of the nanoparticles in this area resulted in cracking and in the
formation of a lack of fusion cavity. Also, weak adherence of the Gd,0O3; and Al3Gd masses to
the Al matrix could create the LOF during the solidification of molten material (Fig. 80(h)).
Fig. 80(i) is taken from the edge of a LOF cavity. As can be seen, a lot of tiny scraps of Gd-
rich phases were stuck to the crater and sidewall of the holes and the surrounding faulty area.
Comparison of Fig. 80(a, b) with the Gd-rich clusters obviously shows that Er-rich masses had
better adhesion with the Al matrix. Additionally, the average size and extent of the LOF defects
and destructive impact of stacked particles on adjacent areas were also lower in the Er;Os

reinforced specimen (Fig. 80(c)).
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Fig. 80. SEM images taken from various defects and aggregated nanoparticles in the Er,O; (a-c) and
Gd,0s3 (d-i) reinforced specimens.

Fig. 81 shows the elemental distribution map of the Er.O3 (Fig. 81(a)) and Gd»0Os (Fig.
81(b)) stacked phases in the AlISil0Mg matrix. As can be seen, Gd>O3 was less reacted with
the Al matrix. Likewise, it seems that existent Mg atoms in the AISi10Mg matrix showed high
affinity to react with the Gd-rich phases. On the other side, the distribution map of the Er203
reinforced sample implies more homogenous dispersion of the Er-rich phases in the matrix.
The color difference between the outer stripe and central part of the stacked phases can be
attribute to the local reaction of the oxide nanoparticles with the Al matrix. Furthermore, it is
well depicted that compared to the Gd,O3 reinforced sample, Er,Os clusters are free of Mg

atoms.
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Fig. 81. SEM image and related elemental distribution map of the stacked nanoparticles in AISi10Mg
alloy reinforced by Er,03 (a) and Gd»O3 (b).
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Fig. 82 properly shows that the accumulation of the nanoparticles and formation of coarse
phases cannot play the desired refining role. Besides, however distribution KAM around these
phases indicates higher GNDs at their interface with the matrix, GOS distribution patterns do

not show any highlighted effect on the recovery of microstructure around them.
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Fig. 82. SEM image (a) and related EBSD color pattern (b), KAM (c) and GOS (d) of microstructural
evolutions around the accumulated phases in the Er,O3 reinforced sample.

4.3. Hardness evaluation

To evaluate the effect of nano-oxide reinforcement on the mechanical strength of the
AlSi10Mg alloy, the microhardness of reinforced samples from the building substrate up to the
middle of the specimens was measured and presented as a hardness distribution map (Fig. 83(a,
b)). The microhardness of the reinforced AlSilOMg alloy with other reinforcements was
extracted from the literature and compared with the results achieved in the current work (Fig.
83 (c)). Moreover, the details of the process parameters along with size and fraction of different
reinforcement agents employed in previous works are presented in the Table 2. According to
Fig. 83(a, b), the impact of the Gd>03 on the local enhancement of the hardness was higher
than Er,O3. This means that Gd-rich clusters are more concentrated and show higher hardness

than the Er-rich zones. But the hardness distribution is more uniform in the Er,O3 reinforced
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sample. The presence of more blue zones in the hardness map of the Gd>O3 reinforced sample
implies more defective sites with unfavorable strength. This result was in accordance with the
VED-relative density graph (Fig. 72) which showed lower relative density (more defects) in
Gd»0s reinforced sample after printing by VED = 95 J/mm?. It has been proved that however
uniform dispersion of the nano-particles could majorly refine the microstructure, but the
formation of such undesired defects directly degrades the tensile properties of AM fabricated
samples [209]. Moreover, apart from the reinforcement agent, additively manufactured
AlSi10Mg composites show higher hardness than wrought AISiMg (AA6013) substrate. The
comparative hardness graph in Fig. 73(c) revealed that the introduced nano-oxide particles
could improve the hardness of AlSi10Mg alloy more than the average values achieved by
several other employed additives. Increment of the hardness through reinforcement by the
ceramic particles often resulted in higher yield strength and finally brittle fracture under tensile
loading [210]. The significant deviation (scale bars) from the average hardness (solid
rectangles) alludes to the fact that obtained values have a wide range of variations. So probably
reducing the mass fraction of used nanoparticles or exploiting another preparation method to
better disperse the reinforcing particles would ameliorate their strengthening impact on LPBF

fabricated AlSi10Mg alloy.
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Fig. 83. Microhardness map of reinforced samples by Er,Os (a) and Gd»Os (b) and (c) comparison of the
reinforcement's impact of different agents used for development of AISil0Mg composites.
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Table 10. Literature on AlSil0Mg matrix composites fabricated by LPBF additive manufacturing

Reinforce Wt Particle size Part.size Laser Layer Power Hatch s VED rot. Hardness
AlSil0Mg diam. thickness Dist. Speed
Agent (RA) % of the RA (W) J/mm3 Deg. (Hv)
(um) (um) (um) (um)  (mm/s)

Gd203 1 100 nm 15-53 70 15 95 95 700 95 67 112-189

Er203 1 “ «“ «“ «“ “ «“ «“ “ «“ 115-176

AI203 3 3.5 um 5-120 - 30 240 60 400 333 90 100-112
AI203 10 - - - - - - - - - 48.5
AI203 20 - - - - - - - - - 175
CNT 1 8-15 nm 30.7 80 30 360 80 550 273 - 124

CNT 0.1 15-45 73 - 400 - - - 67 125-140
Graphene 1 20-30 nm - - 30 400 130 1200 85 67 169
CNT - - - - 30 370 105 1300 90 90 143
CNT 0.5 25 um 75-135 - - . - B - . 107
CNT 0.5 - 25-112 90 30 450 170 2000 44 45 124
Graphene 0.5 - 20-63 - 30 330 130 - - 67 173
CNT 0.5 10-20 nm 5-70 70 50 350 50 2000 70 37 154
CNT 0.5 8-15 nm 30.7 80 30 360 80 550 273 - 123

Non-oxidized
Graphene 1 - 63-150 - - - - - - - 147
Graphene
oxide 0.3 - 27.88 - 30 95 60 200 264 - 101
Graphene 0.2 - 15-45 73 30 400 90 2250 65.8436 67 140
CNT - 8-15 nm 10-50 70 20 160 70 800 143 67 170
SiC 15 - 44 - 40 490 120 900 114 90 215
Nano SiC 2 40 nm 39 80 30 150 60 250 334 67 135
SiC 2 2-10 pm 45-105 - - 1400 - 1000 - - 123
nano TiB2 - - - - 30 275 105 900 97 - 191
TiB2 - 4 um 26.5 70 50 350 50 1200 117 37 131
TiB2 1 - 3591 - 50 450 50 1800 100 37 126
TiB2 3.4 3-5 pm 20-63 - 30 275 80 - - - 151
TiB2 - - - 70 30 200 70 1200 79 67 136
TiB2 1 - - 70 50 400 - 2000 - 37 124
Nano-TiC 5 50 nm 30 70 50 110 50 150 294 - 181
TiC 5 45-53 um 15-53 4mm - 3000 - 300- - - 183
800

TiC 5 25-53 pm 15-53 2mm - 3500 2000 600 - - 139
TiC 5 1.5 um 30 70 50 100 50 150 267 - 185
Nano-TiC 5 50 nm 30 70 50 100 50 143 280 - 178
Nano-TiC 5 50 nm 17-53 100 30 320 130 1100 75 67 131
TiC 5 1 pm 30 70 30 300 100 1600 62.5 - 171
Nano-TiN 5 15 nm 30 70 50 200 100 200 200 - 177
Nano-TiN 2 80 nm 25.7 70 30 100 80 200 208 - 138
Nano-TiN 4 80 nm 25.7 - 30 200 90 1200 62 15 158
BN 1 2-5 pm 20-60 - 30 380 200 1300 49 67 138
AlSil0Mg - - 20-63 80 30 350 130 830 108 67 116
AlSilOMg - - 40 - 30 400 190 1300 54 - 105
AlSilOMg - - - 118 25 400 130 - - 67 130
AlSilOMg - - 40 50 40 370 150 1900 325 - 125
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4.3.1. Summary and conclusions

In this work, an identical amount (1 wt.%) of two different nanoparticles of Gd203; and

ErO3 were separately inoculated to the AlSi10Mg powder, and 3D printed by the LPBF

additive manufacturing technique. A wide range of processing parameters was evaluated and

the microstructure and mechanical properties of the fabricated specimens by optimum

parameters were compared together. The results can be summarized as follows:

>

Applying the remelting step after printing successive layers could significantly improve the
densification of the nanocomposite samples.

Aggregation of the nanoparticles on the uneven surfaces of irregular shape particles of
AlSi10Mg alloy after initial mixing led to the local formation of nanoparticle clusters in
printed samples. Due to insufficient adhesion of these coarse chunks to the Al matrix, these
areas were prone to the propagation of other types of defects like cracks and lack of fusion
cavities.

Both the XRD and SEM analysis showed some minor intermetallic phases in both the
printed nanocomposites. Since both the Gd and Er have a eutectic point in their phase
diagram with Al at about 650 °C, even negligible disassociation of the nanoparticles by the
laser heat could induce the formation of intermetallic phases.

EBSD micrographs illustrated that EroO3 was dispersed more uniform than Gd>O3 EBSD
micrographs illustrated that Er;O3; was dispersed more uniform than Gd2O3 nanoparticles
in the Al matrix and played a more favored role in grain refinement. Also, a comparison of
the kernel average misorientation (KAM) patterns with grain orientation spread (GOS)
micrographs revealed that particle accumulated zones have higher KAM and lower GOS
values. It showed that apart from the pinning role of the nanoparticles on grain refinement,
in particle aggregated areas the grains have less freedom to grow and deviate from the
average orientation of the grains.

The microhardness measurement indicated that although the microhardness of the Gd2Os
reinforced sample was locally higher than the Er,Os; counterpart, due to a rather more
uniform distribution of the Er,Os in the Al matrix and less defective areas, it showed a
narrower hardness variation range. Also, compared to the other reinforcement agents
employed in previous papers, the average hardness of the reinforced samples in the current

work was rather higher.
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Chapter 5

Conclusion

R/
L X4

K/
°e

In recent years, the focus of additive manufacturing researchers was on finding
promising solutions for the challenges of AM and paving the way for replacing
conventional production methods with AM. In between, the main concerns were
minimizing defects in AM-fabricated parts, reducing production costs, stress relieving
the AM-fabricated parts, increasing the strength-to-weight ratio of the printed
components, and developing sustainable materials. In the current research, the rapid
annealing technique, which involves short-term annealing at temperatures close to
the melting point, is employed to speed up the production rate of LPBF-fabricated
SS316L samples. To reduce the production cost, water-atomized powders of SS316L
with proper particle size satisfying desirable flowability printed with a suitable
printing system and fully dense sample compared with the gas-atomized counterpart.
To synergistically exploit stacking fault energy reduction of Mn and grain refinement
of Ti, co-inoculation of them into SS316L with LPBF in-situ alloying was performed to
improve the toughness of the material. Additionally, Ni microparticles and
nanoparticles of Er203 and Gd203 were inoculated into AlSi10Mg by in-situ alloying

for structural modification. The main achievements can be summarized as follows:

The Cellular structures act like a scaffold in additively manufactured materials and
removing the cellular structure after 30 seconds annealing at a temperature close to the
melting point would result in drop in mechanical properties up to 30%. Also, removing the
cellular structure is the first restoration step occurs before recrystallization, while strong
texturing in as-printed parts would result in grain growth along the direction with highest

strain accumulation (BD) due to the SIGBM phenomenon.

Higher flowability of the particles would lead to getting a more faultless sample, but it does
not mean that using shapeless particles like water atomized powders will eventuate in a

spoiled part. Obtained results on 3D printing of the WA and GA powders of ss316L
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revealed that due to higher laser absorption, more pinning inclusions, and finer cellular
structure, WA sample showed stronger texture along the BD, higher GOS and KAM, higher
mechanical properties and finer dimples in fracture surface, superior transvers surface

roughness and higher corrosion resistance.

Addition of ferrite stabilizer elements such as Ti to SS316L induced the formation of the ¢
phase while Mn addition would replace the Mo in lattice structure of the ¢ phase. Likewise,
agglomeration of the Ti in steel substrate follows by formation of the FeTi and Fe>Ti
intermetallic phases with bce and hep structures, respectively. Hence, co-inoculation of the
Ti and Mn would lead to formation of a wide range the brittle phases. But due to the
activation of the basal slip systems in generated intermetallic phases and formation of
numerous GNDs at the interface of the intermetallic chunks and austenitic matrix under
intensive thermal shock during the solidification, the interface was preserved from cracking

and the reinforced SS316L showed higher strength.

Ni addition to AlSi10Mg by in-situ alloying resulted in formation of coarse intermetallic
chunks of Al3Ni and partial refinement of the microstructure. Due to the brittleness of the
Al3Ni chunks and weak adhesion of them with the aluminum matrix, the reinforced alloy
showed weaker mechanical properties compared to non-reinforced alloy. During short- and
long-term annealing of the reinforced samples, the cellular dendrites which were made of
Si gradually dissociated while part of the dissolved Si in supersaturated Al matrix were
expelled and formed the new Si particles. Due to the Oswald repelling phenomena the fine
particles gradually merged and formed coarse polygonal particles of Si and acted as new
crack initiation sites. Hence, annealing not only could not spread the Ni in Al matrix, but

also worsened the condition and degraded the mechanical properties.

So far, addition of the lanthanide nano-oxides has been introduced as a promising way for
refinement of the microstructure and improvement of the mechanical properties of Al
alloys. But the results of the current research on addition of the Gd>O3 and Er,O3 nano-
oxides to AlSi10Mg revealed that stacking the nanoparticles on the surface of the irregular
shape particles would result in the formation of the coarse unmelted chunks and lack of
fusion defects in reinforced samples. However, applying a remelting could improve the

densification and reduce the imperfections. Eventually, due to non-uniform dispersion of
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the inoculated particles, in agglomeration points the hardness locally increased while in

defective zones the hardness dropped.
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